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Dislocation dynamics at the atomic scale play a significant role in phase transformations and
mechanical degradation of layered cathode materials in Na-ion batteries (NIBs), yet their fundamental
behavior remains poorly understood. Here, we employ first-principle calculations to investigate
dislocation-mediated processes in a range of O3- and O'3-type layered transition metal (TM) oxides,
Na(TM)O,, with TM =Ti, Cr, Mn, Fe, Co, and Ni. Generalized stacking fault y-surfaces are computed to
quantify the influence of TM chemistry on stacking sequence energetics. These y-surfaces, combined
with elastic tensor data, inform a semi-discrete variational Peierls-Nabarro model to characterize
dislocation core structures and Peierls stresses. Our results reveal narrow dislocation cores and partial
splitting behaviors governed by the y-surface topology and material elasticity. We further propose a
dislocation-driven mechanism for the O3+« P3 phase transformation, wherein partial dislocation
motion facilitates the broadening of stacking faults during desodiation. This work establishes a
detailed first-principles computational framework for understanding dislocation-mediated
degradation pathways in layered oxides, offering atomistic-scale insights for the design of more

robust NIB cathode materials.

Understanding dislocation formation and structure is fundamental to
advancing a broad range of structural and functional materials across
multiple industries. In metallurgy, dislocations have been extensively stu-
died for their critical role in controlling mechanical strength and defor-
mation, making them central to virtually all engineering sectors"”. These
considerations also extend to energy materials, where dislocations influence
key material properties. For example, in metallic alloys used for nuclear
energy applications, dislocations govern microstructural evolution under
irradiation, directly impacting material stability and lifetime’. Similarly, in
thermal energy storage systems, dislocations affect corrosion of nickel
superalloys, influencing their durability’. Dislocations also play a crucial role
in non-metallic compounds such as crystalline silicon, where their presence
is among the most significant factors limiting the conversion efficiency of
solar cells’. In battery materials, dislocation activity has been directly linked
to key degradation phenomena such as phase transitions, voltage fade, and
mechanical failure modes®”. Controlling dislocations through defect engi-
neering has also been proposed as a strategy to optimize Li-ion battery (LIB)

performance'*"*. However, despite their critical role, the mechanistic and

atomistic understanding of dislocation dynamics in these materials remains
limited.

This knowledge gap is especially relevant for emerging battery tech-
nologies like Na-ion batteries (NIBs), that hold the potential to address
growing concerns regarding supply chain security and sustainability'"*.
This is due to the natural abundance of sodium, the use of cost-effective
materials like aluminum as current collectors'™'®, and to the one-to-one
correspondence between the manufacturing process of NIBs and LIBs at
industrial scale, which has facilitated a faster path to commercialization'’, as
evidenced by the emergence of the first generation of commercial NIBs'*"".
This development has promoted a surge in experimental and modelling
efforts to better understand their performance and degradation
mechanisms™ . However, the mechanistic atomic-level understanding of
many of these degradation processes remains elusive.

At the materials level, NIB cathodes primarily fall into two structural
families: polyanionic frameworks™ and layered oxides™. Amongst these, the
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latter ones are particularly attractive due to their high capacities and
synthesis scalability. Their crystal structure is typically categorized as On
and Pn phases™”, where “O” or “P” refers to the coordination environment
of sodium with oxygen (octahedral or prismatic, respectively), and # indi-
cates the number of formula units per unit cell. Similar to LIBs, the active
redox centers in NIBs are 3 d transition metals (TMs) arranged in edge-
sharing octahedral layers. Optimizing the composition of these TM layers
has been the subject of extensive research®®”’. However, achieving long-term
structural stability remains a major challenge, mainly due to the reversible
O<>P phase transformations that occur during sodium (de-)intercalation.
These transformations involve changes in stacking sequences within the
TM-O layers, which can lead to structural collapse and capacity fade if not
properly controlled.

Specific TM mixtures and dopants have been shown to stabilize
reversible O3<>P3 transformations™ or even suppress them altogether”.
Similarly, synthesizing low-strain, defect-free materials can delay the onset
of structural degradation™. Still, repeated stacking sequence changes
inevitably introduce internal strain, leading to electrochemical creep by
lattice-invariant shears™. This, in turn, can produce irreversible phases and
microcracks that degrade battery performance’”. Thus, a deeper under-
standing and control of these stacking transformations are critical to
ensure a stable cycling and enhance the performance of layered TM
oxides™.

Crucially, these stacking sequence changes are not rigid atomic
movements but are often mediated by dislocation nucleation and glide.
Dislocations enable shearing at much lower stresses than required for rigid
shifts, making them key actors in these structural changes. For example,
Gabrisch et al.” identified Schokley partial dislocations bounded by
intrinsic stacking faults (ISF) in O3-LiCoO, and proposed that their glide
underpins O3<«>H1-3<>01 transformations, where H1-3 refers to 01/03
intergrowth. Similar mechanisms have been observed in Ni-rich LIB
cathodes, where repeated cycling resulted in roughened particles providing
direct evidence for lattice-invariant shears™. Dislocations also play a role in
driving other degradation modes unrelated to planar gliding. For example,
dislocations with Burgers vector components perpendicular to the TM-O
layers contribute to voltage fade’, oxygen release’, and intragranular
cracking’ by the formation of extrinsic stacking faults (extra half-planes)
parallel to the TM layers, which can also induce stacking ordering mix-
tures. Recently, Kumakura et al. * unlocked highly reversible cycling in
corrugated TM-O layered 3-NaMnO, phase by suppressing stacking fault
formation using Cu doping, which corresponds to the gliding of partial
dislocations with Burger’s vectors perpendicular to the TM layers. They
also observed TM-layer stacking sequence changes during the charge/
discharge process.

Despite the clear significance of dislocations in determining the
structural and electrochemical stability of battery cathodes, the field lacks
comprehensive atomistic studies of their structure and behavior in layered
TM oxides, with few works focusing on indirect measures for dislocation
glide**"" and a recent effort by Sadowski et al. ** to atomistically describe a
screw dislocation and its associated properties (e.g., structure, energetics,
and vacancy interactions). To bridge this gap, the present work aims to
provide an atomistic understanding of dislocation properties in O3-type
layered Na(TM)O, oxides using a combination of density functional theory
(DFT) and a semi-discrete variational Peierls-Nabarro (SDVPN) frame-
work. The study characterizes both edge and screw dislocations for a range
of technologically relevant TMs including Ti, Cr, Fe, and Co (in the
spacegroup R3m), as well as Jahn-Teller (JT) active Mn and Ni in their
monoclinic O’3-type derivatives (spacegroup C2/m), all focused on the (0 0
1) slip plane parallel to the TM-O layers. DFT-derived parameters such as
generalized stacking surface (GSF) energies and elastic tensor coefficients
are used to inform the SDVPN model**, allowing for detailed insights into
the energetics and mechanics of dislocation motion. These findings offer a
critical step toward a more complete understanding of dislocation-mediated
degradation in materials relevant to next-generation NIBs. The complete
description of the methodology can be found at the Methods section.

Results

Generalized Stacking Fault Surfaces

The study of GSF energy surfaces, y(r), (see Methods section for more
details) is fundamental to understanding plastic deformation in crystalline
materials, yet their implications for mechanical damage and failure
mechanisms in battery materials remain largely unexplored. In a previous
study, we analyzed glide-driven P2<>O2 phase transformations in Na, VO,
(0 < x<1) using the climbing-image nudged elastic band (CI-NEB)
method"'. We focused on the specific gliding vectors r connecting the
atomic arrangements of the P2 and O2 phases. Concurrently, Kaufman et al.
computed the complete GSF energy surfaces for O3-type LiCoO, and
NaCoO,, as well as O1-type delithiated CoO,. They identified an intrinsic
P3-type stacking fault configuration in the Na-containing structure, sug-
gesting the possibility of O3<>P3 and P3<>Ol1 transitions. In contrast, the
P3 structure was found to be an unstable stacking fault in LiCoO,". Shorly
after, Sadowski et al. used the CI-NEB method to calculate the energy
barriers associated with specific gliding vectors r in Li,CoO, and Li,NiO,
(0 < x<1), as well as in Ni,O, (x =1, 1.02). Their work revealed how Li
content and Ni substitution in the Li layer influence the relative stability and
energy barriers for 03<>01 phase transformations”.

In this study, we extend the analysis to full y-surfaces for O3-Na(TM)
O, layered structures containing Ti**, Cr’", Fe’*, and Co’*, as well as their
monoclinic O3 type counterparts containing Mn** and Ni’*, as shown in
Fig. 1. All investigated structures exhibit ISF (), corresponding to local
minima in the GSF energy landscape (denoted by an asterisk in Fig. 1).
Notably, y,q values show a general downward trend with increasing atomic
number of the TM (Figure S1). This trend is not mirrored in the case of
unstable stacking faults (y gz, depicted by starts in Fig. 1), nor in the energy
difference between y gz and y . Co- and Ni-containing structures display
significantly deep y,; minima, in contrast to the shallower minima
observed for the rest of TM systems. The presence of ISF’s denotes the
possibility of forming P3-type stacking faults in all studied layered oxides.
However, deeper y,q; values, in principle, favor these transitions.

The y-surfaces of O3-type compounds show a characteristic three-fold
symmetry associated with the O3<P3 transformation. In contrast, the
monoclinic O’3 analogs display a single low-energy transition path, oriented
perpendicular to the projection of the JT distorted bond onto the glide plane.
This symmetry reduction suggests that lattice-invariant shears provoked by
cycling are likely to have a diminishing effect in monodlinic O’3 compounds™.

In general, the results of our calculations are in good agreement with
those reported by Kaufman et al.”’, though some discrepancies arise due to
differences in the methodology used to obtain the y-surfaces. Specifically,
our values for y,g and yy g are slightly lower than those in the literature.
This is likely because, in our simulations, all atoms in the slab are allowed to
relax fully in the direction perpendicular to the slip plane, which is a con-
dition not applied in previous works. This relaxation likely reduces the
internal stress generated by shearing the crystal halves, resulting in flatter y-
surfaces and lower energies. Additionally, our calculations do not show an
ISF with an O1 structure. This absence is attributed to our constrain that Na
atoms in the slip plane were only allowed to relax perpendicularly, without
in-plane movement, preventing the formation of the O1 configuration®.

While we emphasize the utility of calculating complete y-surfaces to
characterize plastic deformation behavior and the propensity for stacking
fault formation—which largely affects the degradation mechanisms in NIBs
—we also highlight the challenges involved in rigorously evaluating y-sur-
faces for compounds containing mobile ions. Our study focuses on fully
sodiated structures without vacancies (Va) at the Na sites and thus does not
account for the broad range of possible Na/Va orderings. However, it is well
known that Na,(TM)O, layered oxides tend to form a rich variety of Na/Va
orderings™. Some of these, such as the zig-zag row ordering in P3-
Nag sC00,, become so energetically favorable that the local structure retains
the zig-zag motif even as stoichiometry changes, accommodating these
variations through the formation of antiphase boundaries*~*’. These Na/Va
orderings have been shown to largely affect glide barriers, as they alter the
local coordination environments that Na ions experience at the transition
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Fig. 1 | Generalized stacking fault surfaces and
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state’’. This may offer an atomistic explanation for the charge/discharge
hysteresis observed in NIBs, where transitions between O«<P phases occur
at different sodiation levels during cycling’>*’. Similar considerations may
apply to TM orderings in various cathode compositions™. Thus, a com-
prehensive statistical mechanics framework that incorporates both tem-
perature effects and the configurational complexity of these systems is still
desirable to advance the atomistic understanding of phase transformations
in Na,(TM)O, layered oxides. Such a framework could ultimately inform
rational design strategies for controlling these transformations. In this
context, the recent work by Natarajan et al.”, who developed a cluster
expansion approach to model stacking fault energies by accounting for
configurational disorder in multicomponent alloys, provides a promising
direction. Extending this formalism to account for the effects discussed
above in Na,(TM)O, systems offers a fertile playground for further research.

Structure and stability of edge and screw dislocations
The previous section focused on obtaining y-surfaces for fully discharged
Na(TM)O, layered oxides and discussed their relevance in the context of

battery electrode operation. These surfaces were shown to be useful for
characterizing the tendency to form stacking faults and for providing insight
into O-P phase transformations. However, caution must be exercised
when interpreting y-surfaces in a direct physical sense. In these materials,
stacking sequence changes and plastic deformation do not occur via the
rigid shearing of two crystal halves—an idealized mechanism that would
require unrealistically high shear stresses. Instead, such processes are driven
by the nucleation and motion of dislocations, as has been observed in other
intercalation compounds for LIBs®**”***, In this section, we analyze the
structure of dislocation cores by examining the disregistry function, &,(),
where theindex! = 1, 2, 3 corresponds to components along the m, n,and &
directions, respectively.

Figure 2 presents the disregistry and disregistry density of pure edge
and screw dislocations, calculated using the SDVPN model based on the y-
surfaces introduced in the previous section and elastic constants (available
in the Supporting Information). Across all studied Na(TM)O, systems,
dislocation cores show narrow average spreads of ~ 14||b||(~ 4nm) for
edge dislocations and ~ 8||b||(~ 2nm) for screw dislocations. These values
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Fig. 2 | Structure and stability of edge and screw
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confirm the validity of the choice of cutoff distances typically used to
evaluate elastic energies in explicit DFT models for dislocation dipoles in
similar cathode materials for LIBs*. Interestingly, both edge and screw
dislocations exhibit qualitatively different core structures depending on the
TMs, as shown in Fig. 2c—f. For dislocations initialized with pure edge
character, the system minimizes its energy by splitting into two partial
dislocations in all cases, evident from the formation of two peaks in the
disregistry density p;(£). In contrast, for pure screw dislocations, partial
dislocation splitting occurs only in Ni- and Co-containing structures.

This behavior can be understood as a balance between two competing
effects in the SDVPN model: the system’s drive to follow the minimum
energy path for gliding on the y-surface and the elastic energy penalty
associated with increasing the dislocation core width. Partial dislocation
separation is closely linked to stacking fault formation in O3-type layered
oxides”. A dissociated dislocation consists of two partials whose individual
Burgers vectors sum to that of the original dislocation, with the region
between them representing a stacking fault. The width of this fault is
determined by the ISF energy. This relationship is illustrated in the dis-
registry paths shown in Fig. 2a—c. For Ni- and Co-containing structures, the
paths penetrate deeper into the y-surface, reaching configurations asso-
ciated with the ISF points (see Fig. 1). In contrast, other TM structures
exhibit ISF configurations as very shallow minima, offering no energetic
benefit to extend the disregistry path toward them.

In summary, our calculations show that even in the fully sodiated (non-
stressed) state, O3-Na(TM)O, layered oxides inherently accommodate both
edge and screw dislocations. The atomic configurations in the regions
between two partials resemble narrow (~ 1 — 2nm) P3 type structures. This
phenomenon is especially pronounced for edge dislocations and for screw
dislocations in Ni- and Co-containing compounds. We stress that these
conclusions are specific to completely sodiated structures. The y-surfaces
and elastic constants are highly sensitive to Na/Va configurations, which can
vary significantly during electrochemical cylcling™. Therefore, caution is
warranted when extending these results to dynamic charge/discharge sce-
narios involving non-stoichiometric compositions.

Building on the previous discussion of dislocation structures and their
connection to stacking faults and y-surfaces, the SDVPN method also allows
us to estimate the energy cost associated with dislocations, as defined in the
previous section. Figure 2g shows the total energies for edge and screw
dislocations across all studied Na(TM)O, systems. The Supplementary
Information further decomposes these total energies into their respective
contributions: misfit energy, core elastic energy, and long-range elastic
energy. Overall, we see a consistent trend: screw dislocations are typically
~1.4-1.6 eV/A more stable than their edge counterparts, with the exception
of the monoclinic O’3-NaMnO, structure, where the stability difference
increases to ~2.5eV/A. Notably, dislocation energies for both O’3-type
monoclinic structures—NaMnO, and NaNiO,—are significantly lower
than those of their rhombohedral O3 analogues, especially for screw
dislocations.

This trend is consistent with previous work by Sadowski et al.”>, who
observed similar differences in excess dislocation energies for TM layered
oxides in LIBs. They argued that lower shear moduli correlate with lower
dislocation energies, citing the contrast between O3-LiCoO, (92.5 GPa) and
O’3-LiNiO, (70.3 GPa). Their structural analysis further revealed that in
O’3-LiNiO,, the JT active NiOg octahedra can align collinearly to accom-
modate strain, thereby reducing dislocation energy relative to the stiffer, JT-
inactive O3-LiCoO,. A similar correlation is observed in our results for
Na(TM)O, compounds. The Voigt-Reuss-Hill averaged shear moduli for
the different TMs—78.7 GPa (Ti), 82.4 GPa (Cr), 61.4 GPa (Mn), 70.0 GPa
(Fe), 90.9 GPa (Co), and 67.2 GPa(Ni)—track well with the long-range
elastic energies computed for screw dislocations. For edge dislocations, an
additional dependence on Poisson’s ratio (ox 1/1 — v) is observed, with
values of 0.24 (Ti), 0.23 (Cr), 0.22 (Mn), 0.24 (Fe), 0.23 (Co), and 0.23 (Ni),
again correlating well with their respective long-range elastic energy con-
tributions. The complete set of elastic constants and moduli is provided in
the Supplementary Information.

The misfit energy component, on the other hand, is more
directly influenced by the y-surface. As discussed in the previous section
(see Fig. 1c-f), JT-active phases such as those containing Mn and Ni tend to
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Fig. 3 | Evaluation of Peierls stresses. Position of
the center of the dislocation as a function of the
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show lower energy barriers, which result in lower misfit energies. Structu-
rally, the JT-distorted TM-O bonds also facilitate reaching ISF configura-
tions with shorter lateral displacements across the glide plane. For example,
in the rhombohedral structures, the Burgers vector required to reach the ISF
point lies along the [1 2 0] direction, which corresponds to a longer trans-
lation than the [0 1 0] direction used in the monoclinic structures. This
means that the disregistry path is shorter in the monoclinic phase, further
reducing the elastic energy. Nonetheless, it is important to note that the
elastic energy associated with the dislocation core—represented by the first
term in the elastic energy expression, U, —results from a more
convoluted interaction between the y-surface and elastic fields, and its
interpretation is not straightforward.

Estimation of Peierls stress

In the previous section, we examined the qualitatively distinct core struc-
tures of edge and screw dislocations in O3- and O’3-Na(TM)O, layered
oxides, as well as their associated dislocation energies and their dependence
on elastic properties and y-surfaces under zero-stress conditions. We now
shift focus to another important aspect of dislocations: their mobility under
applied mechanical stress.

The intrinsic resistance of the crystal lattice to dislocation movement is
the most fundamental property governing dislocation mobility. This
resistance is quantified by the Peierls stress (7,), defined as the minimum
shear stress required to initiate dislocation glide in the presence of lattice
resistance. Accurate estimation of 7, is essential, as it is closely linked to the
critical resolved shear stresses (CRSS)—an experimentally measurable
quantity in pure crystals”—which is directly related to the macroscopic
yield strength of a material™. Despite its importance, accurate prediction of
7, has proven challenging, particularly for continuum Peierls-Nabarro
(PN)*”** models. Kamimura et al. benchmarked 7, predictions using PN
models parameterized with DFT-calculated y-surfaces and elastic properties
across a variety of compounds with different crystal structures. They found
that experiments and calculations correlated within an order of magnitude
except for very soft crystals”. Later, Edagawa et al. recalculated 7, using a
discretized PN model—a simplified form of the SDVPN model introduced
by Bulatov and Kaxiras"—which significantly improved agreement with
experimental values. However, discrepancies greater than an order of
magnitude persisted for soft crystals™.

To date, the evaluation of 7, in energy materials—particularly cathode
materials for batteries— has received limited attention in the literature. To
the best of our knowledge, this work represents the first attempt to quantify
the Peierls stress in Na(TM)O, systems. The results presented in this section
offer new insights into dislocation mobility in O3- and O’3-type structures
and help establish a mechanistic link between lattice resistance and degra-
dation phenomena in NIB cathodes.

The methodology used for 7, calculation is detailed in the Methods
section. Briefly, 7. is obtained within the SDVPN framework by introducing
an additional stress-dependent term, U, to the total energy functional.
This term accounts for the work done by an external shear stress on the
dislocation.

Figures 3a, ¢ show the position of the dislocation core as a function of the
applied shear stress. In all of the studied systems, a characteristic step-like
response is observed: the dislocation center remains stationary until a certain
stress threshold is reached, beyond which it abruptly moves across the glide
plane toward the domain edge. Further increases in applied shear stresses only
slightly shift the core position. The value of 7, (shown in Fig. 3b, d) is defined as
the minimum shear stress at which this abrupt displacement occurs.

Our results reveal that O’3-type Ni and Mn phases exhibit significantly
higher lattice resistances compared to their O3 counterparts, especially for
dislocations with screw character. This is correlated with the anisotropic low-
energy paths associated with the y-surfaces (see Fig. 1f-h), which dictate the
preferred slip pathways. As described in the Methods section, screw disloca-
tions in monoclinic (C2/m) structures move along the & = [010] direction,
parallel to their Burgers vector b[010]. For the specific case of O’3 Ni- and Mn-
containing phases, the y-surfaces along this direction feature notably higher
energy barriers (Fig. 1f), resulting in higher 7, values. In contrast, the O3-type
phases (Ti, Cr, Fe, and Co) exhibit relatively similar and lower 7, values for
screw dislocations, indicating more isotropic or favorable slip paths in their
y-surfaces. For edge dislocations, the 7, trends diverge. Co, Fe and Mn show 7,
values comparable to those of their screw dislocations, whereas Ti, Cr, and Ni
display significantly higher resistance to edge dislocation motion.

Despite these variations, all calculated 7, values fall within the range of
intercalation-induced stresses typically observed in similar cathode
materials®”*. This confirms that dislocation glide on the (0 0 1) plane is
energetically accessible under realistic battery operating conditions. On the
contrary, rigid shearing of the TM-O planes, which is related to the ideal
shear strength of the material and approximately proportional to the shear
modulus®, would require stresses on the order of the shear moduli we
computed (60-90 GPa), i.e., two to three orders of magnitude larger than the
electrochemically induced stresses. Consequently, dislocation slip is
expected to be an active deformation mechanism in Na(TM)O, cathodes,
potentially contributing to microstructural evolution and degradation over
cycling. However, we emphasize the need for future work that extends this
analysis to other Na contents and explicitly accounts for all thermo-
dynamically stable phases across the Na-stoichiometry range, to further
elucidate O3<P3 phase transformations.

Discussion
The work presented herein represents an important first step toward a first-
principles description of dislocations in materials for next-generation NIBs.
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Fig. 4 | Mechanism for O3— P3 phase transformation mediated by partial dis-
location separation. Circles represent a top view of the oxygen atoms in the tran-
sition metal layer at both sides of the glide plane. Atoms at the near side of the glide
plane are marked in purple to represent O3-type atomic arrangements, dark grey to
indicate the distorted in-between configurations where the dislocation partials are
located (solid lines for visual reference), and yellow to represent P3-type atomic
arrangements. The smaller light-grey atoms depict the oxygen lattice at the back side
of the glide plane. Dashed red line marks the position of the dislocation line.

We investigated the y-surfaces of completely discharged O3- and O’3-type
Na(TM)O, layered oxides, with TM = Ti, Cr, Mn, Fe, Co, and Ni. These
surfaces generally show shallow y,q. values, except for Co and Ni, which
exhibit deeper minima in relation to the y,iz. Therefore, while the forma-
tion of a metastable prismatic P3 coordination is allowed in all cases, it is
facilitated for Co and Ni.

Importantly, no local minima are observed for the O1 configuration
across these systems. The absence of such minima stems from the necessity
of accommodating vertical atomic relaxations and Na-ion mobility during
shearing between the crystal halves. Prior studies highlight that the for-
mation of O1 phases is governed by the interplanar distances between O
atoms within Na-O and TM-O octahedra. These O1 phases are considered
detrimental compared to the more favorable, smooth, and highly reversible
03<>P3 transformations™.

Evaluating y-surfaces thus provides a direct and valuable metric for
predicting the tendency of layered materials to undergo stacking sequence
transformations. However, a complete statistical mechanics framework—
one that incorporates temperature effects and configurational Na/Va

ordering—remains desirable”. This is especially relevant for intercalation-
type layered oxides, where the extend of Na intercalation correlates strongly
with the flatness of the y-surface’**. Furthermore, specific Na/Va orderings,
such as the “zig-zag” motif /, have been shown to promote highly unstable
stacking fault configurations*, which could give further insights into the
hysteresis observed for these materials regarding stacking sequence changes,
where barriers in the y-surface for a O3—P3 transformation could be
different from the reversed P3— O3 transformation given that a different
Na/Va ordering is stabilized.

However, direct physical interpretation of y-surfaces limited, as
changes in stacking sequence arise not from rigid crystal shearing, but from
dislocation nucleation and motion, which drive plastic deformation. In this
work, the SDVPN model is used to describe the structure and stability of
pure edge and screw dislocations by analyzing the disregistry function 8(¢)
along the direction of dislocation motion. Our simulations reveal narrow
dislocation core structures, consistent with the intrinsically hard nature of
Na(TM)O, layered oxides. Edge dislocations are observed to split into
partial dislocations, where the disregistry path explores configurations close
to the y; points—corresponding to P3-type stacking. This behavior is
especially pronounced in Co- and Ni-containing phases, where deeper ISF
minima are present. In contrast, screw dislocations show more compact
cores and do not split into partials, again with the exception of Co- and Ni-
containing phases.

Overall, screw dislocations have lower energies than the edge dis-
locations, with the lowest energies observed in phases containing JT-active
Ni and Mn species. Additionally, Peierls stress values (7,) are predicted by
solving the SDVPN disregistry under applied shear stresses. 7, values range
from 4.8 to 20.9 MPa for edge dislocations and from 2.4 to 14.1 MPa for
screw dislocations—well within the ion-intercalation-induced stress range
predicted for similar cathode materials used in LIBs** .

Figure 4 illustrates the proposed dislocation-driven mechanism for the
03— P3 phase transformation, by following the relative translation of O
atoms across the glide plane for pure screw dislocations in O3-NaCoO,. To
simulate the widening of stacking fault regions upon desodiation, we assume
a linear dependence of the y,y; on the intercalated Na concentration, while
neglecting stress effects. Additionally, we prescribe the shape of the com-
positional gradients that form in the particles upon desodiation (the full
details are found in the Supporting Information). While these assumptions
may not strictly hold in real systems, they provide a physically sensible
picture that helps build intuition regarding the atomic structure of the
dislocation core and how the O3— P3 phase transformation may proceed.
At the beginning of charge, in the fully sodiated state, either pre-existing or
newly nucleated dislocations can dissociate into partial dislocations, form-
ing narrow regions with P3-type stacking. As charging progresses and Na is
extracted, the local y-surface evolves, further stabilizing the ISF configura-
tion. This leads to the broadening of P3-staked regions along the dislocation
line. With further desodiation, the P3 configuration transitions from a
metastable state to a new global minimum, weakening the y,4-derived
restoring force that previously kept the partial dislocations bound. As a
result, partial dislocations move further apart*'. The combination of the P3-
like distorted lattice (gray areas in Fig. 4) and compositional gradients within
the layer favor temperature activated Na-ion jumps from octahedral to
prismatic configurations. These ions then diffuse further into the stabilized
P3 regions, promoting the progression of the O3— P3 phase boundary
along the direction of dislocation motion. Upon further charging, the
evolving y-surface would develop deeper local minima associated with other
stacking orderings (e.g., O1-type configurations). Once these configurations
become thermodynamically more favorable than the P3 phase, a similar
transformation mechanism ensues, with dislocations again serving as
nucleation pathways and mediators of the phase transition.

Additionally, we have shown that the charging and discharging process
likely induces chemical stresses above 7., which further drive dislocation
motion, including the movement of leading and trailing partial dislocations.
In our SDVPN model, we limited the analysis to shear stresses parallel to the
Burgers vector of a perfect, infinite dislocation. However, stress fields in
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polycrystalline cathode active materials may have different directional
components“. Indeed, the Peach-Koehler forces acting on dislocations are
governed by both Schmid and Escaig stresses—the former promoting dis-
location glide, while the latter influences the separation of partial disloca-
tions. This can lead to indefinite widening of the stacking fault under certain
conditions”®, and may promote the formation of other extended defects
such as twins.

Atomistic modelling studies of dislocations in battery materials remain
scarce in literature. Yet the nucleation, movement, and accumulation of
dislocations at grain boundaries are directly linked to active material
degradation mechanisms and, by extension, battery lifetime. For example,
dislocation-mediated formation of extrinsic stacking faults has been iden-
tified as the main responsible for detrimental intragranular cracking in
layered cathode materials™*”’. The pilling up of dislocations emitted from
the bulk to the active material grain boundaries can also lead to the accu-
mulation of shear stresses that initiate microcracks’', which in turn accel-
erate fatigue and promote the irreversible formation of undesired new
phases™. Native lattice strains leads to premature nucleation of dislocations
and formation of stacking faults causing a cascade of phase transformations
that compromise structural integrity through particle cracking and
fragmentation®. Additionally, it has been shown that the relative ratio of
interplanar distance between the oxygen sublattices in the Na and TM layers
is a key structural parameter detrimental to cycling stability”. When this
ratio is carefully engineered, the formation of the O1 phase at early charging
stages phase is completely suppressed, and smooth, reversible O3<>P3
transformations are maintained, ensuring stable and long-term cycling
performance. These findings evince the sensitivity of interlayer distances in
determining the relative stability of O- and P-type phases in Na-based
layered TM oxides’”, which, in turn, directly influence the behavior of the
dislocations and the y-surfaces with which they interact.

Thus, we put forward that to advance atomistic understanding of
dislocations in battery materials, future studies should integrate SDVPN
models with statistical mechanical descriptions of y-surfaces accounting for
temperature and Na/Va configuration space. At present, our analysis is
limited to fully sodiated structures in which the O3 phase is thermo-
dynamically stable. We interpret dislocation structure, stability, and stress
response using fixed y-surfaces, and we can provide insights on the 03— P3
phase transformation only during charge. The reverse transformation on
discharge (P3— O3) remains inaccessible because the relevant y-surfaces—
set by specific Na/Va orderings in P3—are not yet known. Additionally,
advancing in the development of fully atomistic simulations is essential for
capturing complex phenomena such as kink-pair nucleation and motion,
which require very large simulation boxes*”—currently beyond the cap-
abilities of DFT methods. In this context, machine learned interatomic
potentials for molecular dynamics simulations offer a promising path for-
ward for exploring these mechanisms at realistic length and time scales”"".

Methods
Density Functional Theory
Spin-polarized DFT calculations were performed with the Vienna ab initio
simulation package (VASP)™’® using the projector augmented-wave
(PAW) method”””*. We explicitly treated the Na (2p°3s'), Ti (4s'3d”), Cr
(3p®4s'3d’), Mn (3p®4s'3d°), Fe (3p®4s'3d’), Co (3p*4s'3d®), Ni (3p*4s'3d’),
and O (25*2p*) electrons as valence electrons. We used the Perdew-Burke-
Ernzerhof (PBE)” exchange correlation functional for all our simulations
(see the Supporting Information for a discussion on the effect of the
exchange-correlation functional). Spin polarization was fixed in a ferro-
magnetic configuration, and the magnetic moments of TM centers were
initialized at high-spin for Ti**, Cr’*, Fe’*, and Mn’", while a low-spin
configuration was used for Co’* and Ni’". The plane-wave energy cutoff was
set to 620 eV, and a I'-centered k-point mesh of 12 x 12 x 1 was employed.
The electronic self-consistent calculations were performed with a energy
converge criterion of 10 °eV.

The GSF surface is a periodic two-dimensional function dependent on
the glide vector r which is parallel to a slip plane that cuts two crystal halves.

The energy per unit area associated to this translation is called the GSF
energy y(r). In this work, orthogonal and centrosymmetric slabs were built
to calculate p(r) ***** using the functionalities provided within Atomic
Simulation Environment (ASE)® and PYMATGEN® libraries, which
resulted in non-stochiometric slabs, preventing dipole moments from
affecting the slip-plane. Additionally, at least three parallel TM layers were
included at both sides of the (0 0 1) slip plane, which was located at the
middle of the slab between the Na and O sublattices. This ensured that
surface relaxation effects were minimized in the center of the slab. A vacuum
separation of 20 A in the direction perpendicular to the (0 0 1) slip plane was
additionally introduced, to avoid interaction between periodic slab images.
Figure 5 depicts the unit cells and slabs used in this study.

During structural relaxation, atomic positions were allowed to relax
only along the direction perpendicular to the slab surface (c-axis), while
movements along the in-plane a and b directions were constrained and the
bottom-most O layer was completely fixed. The residual force threshold was
set t0 0.02 eV/A. A grid of 10x 10 glide vectors {r was constructed spanning
fractions of the a and b cell parameters, resulting in a hundred geometry
optimizations per Na(TM)O, oxide, leading to the computation of a total of
600 geometrical relaxations. The GSF energy for each glide vector was then
calculated as:

Y(r) — Eslab(r) ZEslab(o) (1)

where A is the surface area of the interface. This methodology slightly differs
from that introduced by Kaufman et al.*’, where a supercell is used instead of
aslab, and all atomic positions are kept fixed during relaxation except for the
mobile ions within the fault plane, which are fully relaxed.

Elastic constants were calculated using the energy-strain method as
implemented in the VASPKIT package®. Due to the stricter convergence
requirements for these calculations, the plane-wave energy cutoff was
increased to 720 eV. The electronic self-consistent field convergence cri-
terion was tightened to 10~°eV, and the residual force threshold for geo-
metry optimization was set to 107*eV/A. I'-centered k-point grids of
12 x 12x 4 and 10 x 14 x 10 were employed for the rhombohedral (R3m)
and monoclinic (C2/m) systems, respectively. The PBE + U correction was
applied to better capture electron localization in strongly correlated 3 d
orbitals, which significantly affects the calculation of elastic constants. The
applied U corrections were: 0.0 eV for Ti, 3.5eV for Cr, 3.9 eV for Mn,
4.0 eV for Fe, 3.4 eV for Co, and 6.0 eV for Ni***,

Semi-Discrete Variational Peierls-Nabarro model

The SDVPN model**** was used to predict the core structure of dislocations
based on the GSF energies and elastic constants, both of which can be readily
obtain from DFT simulations, as described in the previous section. The
approach expresses the dislocation energy as a functional of the disregistry
8(¢), and determines the dislocation structure by variationally minimizing
this functional. Here, & represents the coordinate along the direction parallel
to the slip plane (001) and perpendicular to the dislocation line, while the
disregistry 8(¢) is defined as the relative displacement between atoms on
either side of the dislocation plane.

Compared to the continuum Peierls-Nabarro method”**, the SDVPN
model introduces a discretization parameter, A, which defines the set of
regularly spaced points {£;} at which the disregistry contributions to the
dislocation energy U ;4[8(¢,)] are evaluated. The disregistry is assumed
constant between any other point not included in {£;}. Typically, A& is
chosen to match the spacing of atomic columns along the &-direction, giving
the model a level of discreteness that reflects the atomic structure of the
crystal. The selection of A has a significant impact on the predicted values
of dislocation-related properties, such as the critical shear stresses (Peierls
stresses, 7,.) required to move dislocations from the crystal interior to grain-
boundary edges**".

The dislocation system is represented by three vectors: Burgers vector
b, the slip-plane normal n, and the dislocation line direction m. These define
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Fig. 5 | Structure models used for computation of
generalized stacking fault surfaces and elastic
constants. Unit cells for Na(TM)O, layered oxides
with spacegroups R3m (TM = Tj, Cr, Fe, and Co)
and C2/m (TM = Mn, Ni). An orthogonal and
centrosymmetric slab is depicted in the right. The
glide plane is shown in pink and an arbitrary glide
vector r is shown for reference.
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a local orthogonal coordinate system with & = m x n, the direction along
which the disregistry 8(§) is evaluated which is also the direction of dis-
location motion. The components of the disregistry are expressed in this
basis. The dislocation character (edge, screw, or mixed) is determined by the
angle between b and m; edge dislocations have b L m, while screw dis-
locations have b || m.

In our simulations, the dislocation reference frames were defined as
follows. For thombohedral (R3m) structures, we used b = a[100] (along the
cell axis a) and m = [12 0] for edge dislocation, and m = [100] for screw
dislocations. For monoclinic (C2/m) structures, we set b = b[010] (along
cell axis b) and m = [100] for edge dislocation, and m = [010] for screw
dislocations. In all systems studied, the slip plane normal is defined as
n = (001). Given these vectors, A& was selected as ||b||/2(||b||/2+/3) for
edge (screw) dislocations in rhombohedral structures. In monoclinic cases,
A& is properly defined as ||b||/2 for edge dislocations. However, A for
screw dislocations has certain arbitrariness given that several options can be
selected for the spacing between crystal sublattices along the & direction®
due to the long-axis distortions induced by the JT distortion, for which we
set AE = a/6 as an approximation. Lastly, the dislocation energy functional
we used in this work is separated into the following contributions:

Udisl[a(si)] = Uelustic[(s({:i)] + Urmsﬁt[(s(gt)] + Ustress[(s(gi)] (2)
where U, [0(¢;)] includes both short-range interactions related to
disregistry and long-range contributions from the dislocation-induced
strain field:

Uelastic[a(gi)] = % Z Xy]pl(Ez)Klmpm(E]) + % bIKlmbmln(L) (3)
ij

where  p/(§) = (8&) — 8(E_))/AE,  x; =348 4y -
Vijor — Vo> and yy = L(i — j?A8In(|i — j|AE). Here, K, is the

anisotropic tensor, computed using the Stroh®® method to solve Eshelby’s
elastic model for straight dislocations”. Additionally, U,,;[6(§;)] is the
misfit energy that accounts for the local atomic distortions across the dis-
location, captured through the GSF energy y:

U8 = Y 1(01(€))AE )

Lastly, this study includes the energy contributions due to externally
applied stress, through the stress energy U, [6(¢))]:

U860 = =3 3 — & D )

where 7 is the stress that results in forces along direction &. In these formulas
the additional indices I and m denote the vector components of the dis-
registry for the dislocation coordinate system m, n, and &, that also serve as
tensor notation to denote the implicit summation over repeated indices.
The initial disregistry was chosen as an arc-tangent function, with its
half-width varied during the energy minimization to ensure convergence.
Boundary conditions were enforced such that §(0) = 0 and 8(¢y) = b,and
these constraints were maintained throughout the minimization procedure.
All the abovementioned equations were solved using the built-in
functionalities implemented in the atomman library (https://github.com/
usnistgov/atomman). The zero stress solutions of the dislocation spread
were obtained using Powell’s minimization method”. The stressed dis-
location solutions were calculated by taking the non-stress solution as the
initial guess and iteratively solving the SDVPN model by incrementally
ramping the stress and using the previous converged solution as the initial
guess for the next stress condition. The Broyden-Flecher-Goldfarb-Shanno
(BFGS) optimization algorithm was used to resolve the stressed disregistry’".
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Lastly, all cases were simulated in a 400 A domain ensuring that the fixed
boundary points would not interact with the dislocation core.

Data availability

Data is provided within the manuscript or supplementary information files.
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