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Localised control of phase formation in a
high-carbon low alloy steel by laser
powder bed fusion
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The ability of additive manufacturing processes to control solidification at a microscopic scale is of
particular interest in the development of components with topology-optimised microstructures.
Leveraging laser powder bed fusion (L-PBF), we present a newmethodology to develop site-specific
“microstructure architectures” consisting of dissimilar phases. By controlling the laser focal offset in a
bespoke L-PBF machine, we tailor the melt pool shape and control the volume of material that
undergoes re-heating during each melting event. Using a high-carbon low alloy steel as a case study
material, we demonstrate control over the formation of tempered and un-tempered phases at the
resolution of the laser spot size (~102 µm) and in 3-D throughout thebuild. Although the tensile strength
of the steel is limited by the presence of keyhole porosity and solidification cracking, our strategy
showcases theopportunity to vary hardnesssite-specifically andbyup to2.4 GPa, opening thepath to
producing alloys with novel microstructure and property complexity.

The increased adoption of laser additive manufacturing by the materials
science community has stimulated the research of novel processing strate-
gies to manipulate the microstructure of metals and metal alloys and pro-
duce materials with complex, heterogeneous microstructures1,2. The main
motivation behind this effort is that microstructure complexity in metals
yields improved mechanical performance. This is exemplified in many
classes of materials produced using conventional manufacturing processes,
such as structural alloys with precipitation-hardened or duplex
microstructures3,4, small-scalematerials with gradient grain structures5, and
other more exotic multi-material systems6.

The most common laser additive manufacturing strategies used to
engineer this complexity into themicrostructure ofmaterials rely on tuning
the laser parameters and laser scanning strategies site-specifically
throughout the build. This has a direct effect on the local thermal history
experienced by the material, which drives different solidification micro-
structures. Several pioneering studies demonstrated how this new manu-
facturing paradigm could lead to microstructures with site-specific grain
size7, crystallographic textures8, and even grain boundary character
distributions9.More recently, a growingbodyof literaturehas focusedon the

possibility of controlling the crystallographic phases which the material
solidifies into—and which it retains—throughout the additive manu-
facturing process. Compared to grain structure, grain orientation, and grain
boundary control, in fact, “architecting” microstructural phases offers an
even greater potential to enhance materials properties.

Kurnsteiner et al., for instance, succeeded in producing a multi-
phase steel alloy with remarkable strength and ductility by combining
precipitation-hardened and austenitic microstructures. Their strategy
relied on a layer-wise control of the intrinsic heat treatment experienced
by thematerial, which, in turn, affects the sample base temperature upon
directed energy deposition (DED)10. While DED is a promising additive
manufacturing technique to produce heterogeneous microstructures—
especially on a large scale—its low spatial resolution and the fixed heat
conduction path through the built plate limit the degree of micro-
structure complexity attainable. By contrast, powder bed fusion tech-
niques such as laser powder bed fusion (L-PBF) offer finer control over
heat input as well as a higher degree of freedom to engineer the heat
conduction path through the use of intricate laser scan strategies as well
as the strategic design of support structures. Leveraging on these
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advantages, Arabi Hashemi et al. produced duplex stainless steel with
controlled distribution of the ferrite and austenite phases, both along the
build direction as well as within the build plane11. Their strategy involved
a variable energy density to selectively evaporate nitrogen (an austenite
phase stabilizer). Using a different approach, Chen et al. demonstrated
layer-wise phase control in Ti-6Al-4V by reheating the previously
solidified layer with a lower energy laser scan strategy12. The reheating
transformed the top portion of the α’ martensitic layer into an α+ β
microstructure band. Although limited to layered microstructure
designs, The resulting material exhibited improved elongation up to 9%.
Xu et al. applied a different approach to induce the same phase trans-
formation throughout the entire volume of Ti-6Al-4V builds by varying
the laser beam focus13. They showed that by controlling the laser beam
focus, which acts upon the depth of the keyhole melt pools and powder
layer thickness, they could tailor the size of the heat-affected zone across
subsequent layers to transform acicular α’ martensite into a fine α+ β
lamellar structure. The resulting builds, although monolithic, exhibited
yield strength in excess of 1100 MPa at elongations up to 11.4%.

Building on these prior works, we present a method to engineer the
phase content of a high carbon, low alloy steel site specifically and in 3-D
(i.e., both along the build direction and within the build plane). Unlike
previous works, we use a fully open, in-house developed L-PBF machine
that allows tuning laser parameters, and notably laser focus, in individual
scan lines. This feature allows manipulating the phase content in the
microstructure at the level of a single melt pool—which has never been
achieved before. By alternating in-focus and defocussed laser scan lines, we
produce complex “microstructure architectures” ofmartensitic steel in 3-D.
The improvedmicrostructure design freedom offered by our strategy could
be translated to commercial L-PBF systems and thus could open the path to
producing alloys with novelmicrostructure complexity at the scale of amelt
pool (~102 µm), which may offer greater opportunities in enhancing
mechanical performance.

Results
Phase control strategy
Our strategy is based on L-PBF of the alloy in conduction mode and on
using keyhole mode site-specifically to change the local phase. The shallow

conduction-modemelt pools ensure a consistent intrinsic heat treatment of
the underlying material, which is uniformly tempered. When switching to
keyhole mode, however, the deep penetration depth of the melt pool allows
remelting the material over 9 layers below, forming a metastable micro-
structure that is beyond reach from the intrinsic heat treatments caused by
subsequent conduction-mode melt pools. As a result, the deeper portion of
the keyhole melt pool retains the initial “un-tempered” metastable phase,
while the top undergoes an intrinsic “tempering” step (Fig. 1). The un-
tempered phases in the alloy used in this work include α’-martensite and γ-
austenite, while the equilibrated phase is expected to be α-ferrite. Leveraging
on the open-source nature of our L-PBFmachine, we explore the possibility
of controlling the alternation between these twomicrostructures both along
the build direction (i.e., stackingmelt pools of the same type horizontally) as
well as within the build plane (i.e., stacking melt pools of the same kind
vertically). This strategy provides us with the opportunity to design
“microstructure architectures” with controlled distribution of the con-
stituent crystallographic phases, as we show schematically in Fig. 1 and
demonstrate in Fig. 2. In the latter, the two microstructures appear with
stark optical contrast because of their different susceptibility to chemical
etching.

To switch between keyhole and conduction mode melt pools, we vary
the laser fluence, which is a function of laser spot size and intensity
distribution14.Oneway to tuneboth features at once is to vary the focal offset
of a pulsed laser beam.According to the lasermanufacturer, each laser pulse
is characterized by a peak intensity of 1100W across an area of ~1.6mm2

when the laser is in focus (corresponding to a laser spot diameter of 45 µm).
Under these conditions, the melt pool of the high carbon steel is in keyhole
regime (Fig. 3).Not only thedeeper portionof thismelt pool is beyond reach
from the intrinsic heat treatment generated by the subsequent conduction
mode melt pools. It is also surrounded by material that is at a lower tem-
perature since it has had a longer time to cool down compared to layers
which are closer to the top surface15. As a result, this region retains the un-
tempered, martensitic phase throughout the build10,16.

Moving the laser further from the focal plane spreads the peak intensity
over a larger area through an increase in the beam diameter (Fig. 3)14. We
compute the increase in beam diameter as a function of the decreasing
distance, z, between thepowder layer and thenominal focal planeof the laser

Fig. 1 | Schematics of different microstructure
architectures with different phases and melt pool
geometries.Keyhole melt pools appear in white and
conduction melt pools in grey. a Continuous “melt
pool bands” of alternating phases. b Vertically
stacked melt pools (i.e., vertical “melt pool bands”).
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using the following equation17,18:

d zð Þ ¼ d0

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

1þ z
0:5 � DOF

� �2
r

ð1:0Þ

Here,d0 is the focused beamdiameter (45 µm), andDOF is the depthof
field as calculated by Eqn 2.0.

DOF ¼ 2π � ð0:5 � d0Þ2
λ �M2

ð2:0Þ

Here, λ is the laser wavelength (1064 nm), and M2 is the laser beam
quality (1.3) as provided by the laser manufacturer. Given that z varies
within the range of 1, 2, 3, and 4mm above the focal plane, the corre-
sponding laser beam diameter increases to 60, 90, 126, and 162 µm,
respectively, as shown in Fig. 3b. As a result, the more defocussed the laser,
the wider and shallower the melt pool (Fig. 3).

These differences affect the energy density, E, which is used tomelt the
material. Because of the large variations in melt pool geometry (depth and
width) when changing laser focus offset, we shall not estimate changes in E
using the conventional volumetric energy density expression, E ¼ P=v �
h � t (which considers a constant volume of molten material per unit time,
v � h � t, and is independent of melt pool shape). Instead, we use19:

E ¼ 4 � P
π � v�dðzÞ2 ð3:0Þ

Here, P is the laser power (200W), v is the laser scanning speed
(400mm/s) and d(z) is the same quantity as in Eqn 1.0. Thus, for the given z
of 0, 1, 2, 3, and 4mm, we calculate a corresponding energy density of 314,
203, 79, 40, and 24 J/mm3, respectively.

To pinpoint the transition between conduction and keyhole mode in
our steel alloy, we analyse a matrix of samples produced at different laser
focal offsets as shown in Fig. 3b. In Fig. 4a, we plot both the depth of melt
pools at the top layer as well as the bulk density of the sample. While melt
pool depth decreases linearly with the level of defocus, the sample density
suddenly increases beyondadefocus level of+2mm.Weassociate this steep
increase in density with the keyhole-to-conductionmode transition and the
corresponding reduction in keyhole porosity as evidenced in the porosity
figures for monolithic samples produced at each defocus level considered
(Fig. 4c)14. Byplotting sampledensity versus energydensity (E),weobserve a
considerable decrease in sample density for E > 78.6 J/mm3, and a high
sample density window between 24.3 J/mm3 < E < 78.6 J/mm3 (Fig. 4b).
When comparing average melt pool width/hatch spacing to density, as
summarised inFig. 4b,weobserve an increase indensity at overlapsof>1.25.
This plot shows that even at the highest focus—corresponding to the nar-
rowest melt pool width (Fig. 3a)—we maintain melt pool overlap and that
the decrease in density comes from keyhole pore formation (as opposed to
lack of fusion). An additional piece of evidence supporting this conclusion is
in the defect maps (Fig. 4c). Here, we see a periodicity of keyhole pore
formation in samples produced at 0mm and 1mm focal offsets, which
stems from the colinearmelt pools. Notable fromFigs. 3b and 4a is also that
themelt pool depth of a focused beam (0mm) in keyhole regime is >9 times
deeper than the recoated powder layer (50 µm). By contrast, the greatest

Fig. 3 | Laser defocussing effects. Schematics illustrating the effect of laser focal offset on a calculated laser spot size and b average melt pool cross-section geometries as
measured from experiments.

Fig. 2 | Cross-sectional optical micrograph of an architectured sample containing
un-tempered α’-martensite (white) consolidated in a configuration which produces
the acronym “NTU”.
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defocus level tested (+4mm)produces amelt pool <4 times deeper than the
powder layer. Defocus levels greater than +4mm resulted in incomplete
melt pool coalescence between layers and the onset of lackof fusion porosity
as presented in Supplementary Fig. 1.

The above analysis implies that the lateral resolution of our strategy is
effectively limited by the focus offset itself since it changes melt pool width
(between ~110 µm and ~190 µm, as seen in Fig. 3b). The resolution along
the build direction, instead, depends on the relative difference in melt pool
depth, which is largest (i.e., ~330 µm deep) when overlapping a 4mm
defocus scan line (~180 µm deepmelt pool) atop an in-focus one (~460 µm
deep melt pool).

Microstructure evaluation
Figure 5 shows the X-ray diffraction (XRD) analysis of the powder used and
of a “banded sample”producedby alternating a layermeltedusing a focused
laser (0mm) every 10 layers produced using a defocused laser (+4mm).
This sample is an example of horizontal architecture (Fig. 1a). Amixture of
α-ferrite and α’-martensite dominates the banded samplemicrostructure as
evinced by the peaks at 44.6°, 64.9°, and 82.2°. The fact that these peaks
overlap is widely reported in the literature and is due to the two phases
sharing similar crystal structures with minimum differences in lattice
spacing20. The inset figure focuses on the 2ϴ range between 43 and 46° and
highlights the asymmetric α-ferrite/α’-martensite peak at 44.6°, which stems
from the strained lattice ofα’-martensite and thus confirms the co-existence
of both phases in the build21. The peaks at 50.5° and 43.6° stem from the
retained γ-austenite and the presence of Fe3C carbides, respectively. Addi-
tionally, we note that samples may contain Fe7C3 carbides too, which
produce peaks that overlapwith the γ-austenite at 50.5° and the α-ferrite/α’-
martensite at 82.2°, respectively. Both Fe7C3 and Fe3C are commonly
reported in laser-based additive-manufactured steels, as they formalong the
carbon-enriched boundaries of α’-martensite grains22–24. To distinguish
between these two types of carbides in our samples we rely on EBSD25,26 and
TEM, as we discuss atmore length hereafter.We note that all spectral peaks
are aligned with those found in comparable steels produced by L-PBF,
verifying their authenticity27–30.

Scanning electron micrographs and EBSD maps of a keyhole “melt
pool band” (MPB) are presented in Fig. 6. Herein, we denote an MPB as a

portion in the build consisting of melt pools produced using constant laser
focus, either in the keyhole or in conduction mode, which extends laterally
across the entire area of the layer. MPBs may have different thickness
depending on how many layers have been melted using the same melting
mode. When using keyhole mode, the MPB will exhibit a metastable
microstructure. By contrast, when using conduction-mode melting, the
MPB will consist of a more normalised microstructure. Noteworthy is that
an MPB differs from the “fusion zone” region which is often described in
welding and additive manufacturing literature, as it encompasses the entire
volumeof all adjacentmelt pools producedusing the same focus level,which
thus have the same microstructure (as depicted by the white melt pools in
Fig. 1). The fusion zone of a MPB divides such a volume from that of other
melt pools orMPBs of different nature.At the scale of an individual keyhole
melt pool (Fig. 6a), we observe a clear contrast between the region below
the melt pool boundary line, which has been tempered by the intrinsic heat
treatment, and the un-tempered melt pool itself. The difference in contrast

Fig. 4 |Melt pool depth and porosity analysis. aMelt pool depth and sample density with respect to laser defocus. b Sample density versus energy density and hatch spacing/
spot size. c Defect maps based on optical micrographs of monolithic samples produced at each focal offset; 0, 1, 2, 3, and 4 mm (red circles denote defects).

Fig. 5 | XRD analysis of samples with different MPBs. XRD of banded micro-
structure sample produced with our L-PBF strategy. Inset denotes peaks between 43
and 46° of banded microstructure sample. The powder XRD spectrum provides a
baseline measurement.
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in thesemicrographs is opposite to that found in Fig. 2, where themelt pool
tips appear light under the optical microscope. Similar optical contrast was
reported in L-PBF of carbon steels by Dilip et al. andHearn et al., where the
un-temperedα’-martensitewas characterized by light regions owing to their
smoother surface and higher reflectivity compared to the preferentially
etched tempered regions22,31. The reason why the contrast is reversed in
electron micrographs is that a corrugated surface (i.e., that of tempered
regions) scatters more secondary electrons compared to a smooth surface
(i.e., that of the un-tempered regions). Following this rationale, we conclude
that melt pool tips have higher α’-martensite content compared to the
tempered regions, due to the higher corrosion resistance of this phase
compared to α-ferrite32. This conclusion is supported by an EBSD band
contrastmap froma similar region, whichwe present in Supplementary Fig.
2, as well as the hardness study, which we detail later.

To map the occurrence of different phases in different MPBs, we take
the EBSDmeasurements shown in Fig. 6, which encompass a keyholeMPB
(top) and a conduction MPB (bottom).

The two MPBs are separated by black un-indexable regions situated
below the keyhole MPB boundary. This is clearly visible in Fig. 6c–e, where
we outline the MPB boundary using a white dashed line, as well as in the
matrix of the “NTU” sample (Fig. 2). We hypothesize that these regions in
the heat-affected zone (HAZ) are over-tempered following previous reports
in the literature22,24,28. These HAZ regions undergo tensile stress during
cooling from the shrinkage of the melt pool, resulting in a high stress
gradient andpoorEBSD indexquality33–35. As per theXRDresults presented
in the prior section, EBSD (Fig. 6c) reveals the presence of α-ferrite and γ-
austenite in the keyholeMPB. Distinguishing between α’-martensite and α-
ferrite is equally challengingbymeans of EBSDas it is byXRD(Fig. 5) owing

Fig. 6 | EBSDmaps of MPBs. aMicrostructure of a
keyhole MPB sandwiched in between tempered
conduction MPBs. The grey dashed boundary
denotes a region observed in high magnification
EBSD of Fig. 7, b Microstructures of a MPB domi-
nated by α’-martensite (etched sample with square
presented in a) and corresponding SEM image,
c phase map, d out-of-plane grain orientation map
for α-Fe and, e out-of-plane grain orientation map
for γ-Fe with corresponding inverse pole figures for
both phases (step size 0.15 µm). The dashed white
line denotes the melt pool boundary with HAZ
directly below the line.
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to the low degree of tetragonality of the α’-martensite lattice36. However, the
presence of retained γ-austenite here is indicative of a metastable (un-
tempered) microstructure, which is less prominent in the conductionMPB
underneath. This is even more evident in the higher-resolution EBSD
imaging of a keyhole melt pool boundary, which we present in Fig. 7a–c.
From this EBSD analysis, we compute a relative difference of about 10% in
phase content between the two regions above and below the melt pool
boundary (see Table 1). Comparable γ-austenite fractions were reported by
Kim et al. for a L-PBF processed martensitic steel owing to supersaturation
of carbon in γ-austenite between 0.75–1.99 wt%, evident of the quench and
partitioning treatment in which carbon diffuses from the supersaturated α’-
martensite to γ-austenite in the keyhole MPB30. To validate the α’-mar-
tensite and α-ferrite content, we conducted Feritscope measurements on a
sample with horizontal MPB architecture keyhole versus conduction MPB
ratio of 1:10 (i.e., 1 keyhole melt pool layer every 10 conduction melt pool
layer) reporting a ferrite content of 40.33%, which is comparable to the α-
ferrite ratio in the MPB measured by EBSD and presented in Table 1.

Grain size and texture analysis from the measurements in Fig. 6 pro-
vide further evidence of the tempering effect in the HAZ below the keyhole
MPB. On average, γ-grains are measured to be ~6.7 µm in diameter, while
α’-/α-grains exhibit a slightly larger diameter of ~7.2 µm inside the keyhole
MPB. In the tempered zone, grain size slightly increases with γ-grains and
α’-/α-grains reaching ~6.9 µm and ~8.7 µm in diameter, respectively. This
difference is expected, as the keyhole MPB is least affected by the reheating
induced by the subsequent layer. Our results are comparable to those
reported in laser-melted martensitic steel (6.3 and 20.1 µm)27. Overall, the
alloy’s crystallographic texture is weak in all phases (Fig. 6e). However, we
observe the greatest texture strength in γ-austenite, with a < 001> crystal-
lographic orientation along the build direction, which is common in steels
produced by L-PBF37–39. By contrast, the α-ferrite texture (Fig. 6d) is much
more random, as it is often found in α’-martensite-dominated steels pro-
duced by L-PBF27,28,31,40.

The high-resolutionEBSDmap of themelt pool tip in Fig. 7 also shows
the presence of different carbides, Fe3C and Fe7C3, which precipitate along
α’-martensite grainboundaries.This observation is in linewithwhatBinkley
reported for the same base alloy41. Preliminary analysis of relative phase
fractions from these measurements indicates a preference for Fe3C pre-
cipitation compared to Fe7C3 in the un-tempered region (see Table 1).
However, both phases are at the resolution limit for EBSD, which is why we

conducted the additional TEMmeasurements reported in Fig. 8. We carry
out these measurements from regions in the HAZ below a keyhole MPB.
The images show thepresenceof needle-like carbides,whichwecharacterize
to be ε-Fe3C using selected area electron diffraction (SAED). We find them
in clusters at a distance from one another of ~15 nm, and wemeasure their
length to be ~230 nm on average (Fig. 8b, c). The formation of ε-Fe3C was
reported by Liu et al. to be induced by precipitation from the supersaturated
α’-martensite42. Additionally, we observe the formation of ellipsoidal pre-
cipitates 20–30 nm wide and 50–60 nm long (Fig. 8d). Similar precipitates
were observed in the un-tempered α’-martensite region of L-PBF produced
steel by Hearn et al. and hypothesised to be Fe3C carbides due to their high
carbon content22.

We quantify the carbide fraction in this region through procession
electron diffraction (PED), as shown in Fig. 9. The results evince a high
fraction of carbides in this region of the HAZ, with low α-ferrite and γ-
austenite content due to the high diffusion of Fe3C from tempered α’-
martensite. As a result, 48.4% of the PED pattern phase map (Fig. 9a) is
taken up by α’-martensite grains separated by ε-Fe3C needles, as shown in
the circled region in Fig. 9a. These results are in line with what was pre-
viously observed in laser processed carbon steel by Liu et al.42.

We interpret the above results on the basis of the intrinsic heat
treatment generated by each melting event into the surrounding mate-
rial. The short cooling times which result from the L-PBF process (i.e.,
between 0.0147 s and 0.000147 s) result in cooling rates within the range
of 105–107 °C/s43. These cooling rates lead to supersaturation of carbon
within the austenite lattice, which results in the formation of α’-mar-
tensite. The occurrence of subsequent melt pools induces a HAZ which
tempers this metastable microstructure to an extent that varies as a
function of melt pool shape and distance from the melt pool boundary.
Since the top layer of our builds (e.g., the one shown in Fig. 2) is not
tempered by subsequent melting events, they all exhibit this metastable
microstructure.

Deep keyhole melt pools encompass a greater volume of the under-
lying, prior solidified material, which extends further away from the sub-
sequent melt pools and their HAZ. As a result, the keyhole melt pool tip
consists of a metastable microstructure that includes high-temperature and
metastable phases (i.e., γ-austenite and α’-martensite) and carbides, which
precipitate in the melt pool and along the HAZ Fig. 7b, c. This micro-
structure is increasingly tempered along the build direction, as it approaches
the HAZ induced by the melt pool on the above layer and thus experiences
the intrinsic heat treatment more strongly. This results in a gradual
microstructure equilibration. Upon tempering, it has been reported that the
retained γ-austenite mostly decomposes into cementite (Fe3C) particles
within an α-ferrite matrix. This is in line with the phase ratio analysis
presented in Table 1, which shows a reduction in γ-austenite content in the
tempered region and an increase in α-ferrite44–46. Noteworthy is that the

Fig. 7 | High resolution EBSD analysis. a High magnification maps (step size
0.08 µm) of the tip of a keyhole MPB and corresponding phase map with white
dashed line denoting melt pool boundary, b Fe3C phase & band contrast map and,

c Fe7C3 phase & band contrast map. Grey dashed boundary denotes region taken
from low magnification EBSD (Fig. 6a). White square denotes region in TEM
observations Fig. 8.

Table 1 | Melt pool phase ratio comparison

Sample α-Fe (%) γ-Fe (%) Fe3C (%) Fe7C3 (%)

Keyhole MPB 61.3 ± 2.2 29.5 ± 2.4 7.5 ± 0.3 1.7 ± 0.2

Conduction MPB 74.5 ± 1.9 15.6 ± 0.7 7.8 ± 1.1 2.1 ± 0.2
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carbide ratio in both tempered and un-tempered zones is similar (Table 1).
We interpret this result based on the different mechanisms for carbide
formation in either microstructure: diffusion of Fe3C from α’-martensite in
the keyholeMPB region, and decomposition of γ-austenite in the tempered
region. In contrast to the variable tempering effects found in keyhole melt
pools, samples consolidated at a fixed focal offset that is conducive to
conduction-mode melt pools consist of monolithic, tempered micro-
structures throughout, as shallower andwider conduction-modemelt pools
aremore easily temperedwhen repeated acrossmultiple layers and undergo
consistent intrinsic heat treatment.

Nano hardness response
TheMPB formation reported in the previous section imparts changes in the
local mechanical properties. In Fig. 10, we present the nano-hardness of a
single keyhole MPB (appearing in white) consolidated at a focal offset dis-
tance of 0mm and sandwiched in between conduction MPBs consolidated
using a defocus laser of+4mm. The average nano-hardness change along
the build direction (Fig. 10b) correlates well with changes in image contrast.
The difference in hardness between tempered and un-tempered regions
approaches 2.4 GPa. The rapid increase in hardness over the first 40–60 µm
from the melt pool boundary is related to the higher α’-martensite content
and a lower fraction of the softer γ-austenite22,47. We measure the highest
hardness to be ~9.4 GPa at 60 µm from the boundary. This value is com-
parable to what a steel alloy containing a comparable 1.2 wt% carbon with
>80% volume fraction of α’-martensite would exhibit48. Between 60 and
160 µm from the boundary, hardness readings plateau at ~9.0 GPa,
decreasing slightly between 180 and 260 µm to 8.0 GPa. We ascribe this
slight decrease to an increase in the retained γ-austenite phase (also plotted
in Fig. 10b)49. Above 280 µm from the boundary, hardness readings drop to
the same levels found below the boundary as a result of the localised heat
treatment and consequent microstructure tempering.

3-D microstructure architectures
The ability to change the melt pool shape of an individual laser scan line
enables the development of complex, heterogeneous microstructures with
combinations of horizontal and vertical MPBs (i.e., the two architectures
shown in Fig. 1). One such example is the “NTU” sample shown in Fig. 2,
where we vary the number of melt pools per MPB, and stack them either
vertically or horizontally. Controlling the spacing between each of these
MPBs is critical to minimise the tempering effect induced by the neigh-
bouring MPB. In Fig. 11, we study the variation of the nano-hardness
profiles along the build direction as a function of the number of layers in
between horizontal keyhole MPBs when using fixed laser parameters and
focus levels. We use nano-hardness measurements at 20 µm intervals as a
proxy for microstructure analysis instead of EBSD because of the higher
measurement throughput attainable. We use a sample which we produced
by stacking keyholeMPBs at laser focus separated by conductionMPB of 2,

Fig. 8 | TEM analysis of phase content. a α’-mar-
tensite-rich HAZ including a fast Fourier transform
(FFT) image as inset, which shows the diffraction
pattern of an ε-Fe3C carbide needle, b ε-Fe3C car-
bide needle cluster, and c corresponding dark field
image, d Image of ellipsoidal precipitates.

Fig. 9 | TEM analysis of carbides. Procession electron diffraction (PED) phase map
and phase ratio with corresponding Fe3C and Fe7C3 SAED patterns of the HAZ.
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3, 4, and 5 layers thickness (+4mm defocus). The etched cross-section of
the sample is shown in Fig. 11a. The figure includes a control line repre-
senting the average hardness of the bulk, tempered microstructure
(7.35 GPa), which we use as a reference to evaluate the hardness increase in
the un-tempered regions. Given the comparable size of indents (~6.5 µm)
and grains in themicrostructure (~10 µm), differentmeasurementsmay hit
different phases and lead to significant variability in hardness. To account
for that, we repeated each hardness measurement from the same region
three times. In Fig. 11b we plot the measurement standard deviation as a
shaded region around the mean values.

In general, hardness values increase to amaximum from the bottom
keyhole MPB along the build direction, followed by a decrease to a
minimum when probing the region within the conduction MPB, and
finally raising again to a second maximum. The widening distance of

these two hardness peaks is evident with increasing spacing between
keyhole MPBs and relates to an improvement in the definition of the
microstructure architecture. Intuitively, keyholeMPBs that are too close
to one another along the build direction result in excessive tempering,
which is conducive to lower peak hardness in the bottom keyhole MPB
and, thus, lower differences in hardness across the different MPBs. We
include these two parameters in the corresponding hardness profiles.
The tempering effect of the later keyhole MPB is clearly evident in
regions where the twoMPBs are spaced 2 and 3 layers apart (Fig. 11a, b),
showing tempering of the prior solidified keyhole MPB by 1.15 GPa in
the 2 layer and 0.36 GPa in the 3 layer region. At 4 and 5 layer spacings
the tempering effect of the later keyhole MPB is minimal. However, the
overall peak hardness values slightly increase with 5 layer spacing
(Fig. 11d), which is expected due to less thermal interaction from the

Fig. 11 | Property contrast: Nanohardness.
a–d Multilayer MPB sample with varying keyhole
MPB spacing: 2, 3, 4, and 5 layers, and corre-
sponding Nanohardness results.

Fig. 10 | Nanohardness mapping. a Optical
micrograph showing nanohardness indents across
different MPBs, and b average hardness results
versus austenite fraction taken from EBSD maps.
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subsequent keyhole MPB. Comparable results are observed at layer
spacings >5, given lesser thermal interaction between keyhole MPBs.

From the 2-layer spaced keyhole MPB results (Fig. 11a), we see local
minima in hardness corresponding to the tempered region at 140 µm from
the first indentation. This distance increases to 320 µm in the 5-layer spaced
keyhole MPB region (Fig. 11d). Furthermore, the peak-to-peak distance
between hardness maxima determines the resolution of each of the keyhole
MPB spacing’s tested. As the peak in hardness corresponds to the high
volume content of un-tempered α’-martensite at the bottom of the melt
pool, we observe that the top keyhole MPB (later solidified) is harder than
the bottom one (which is tempered by the top MPB). This results in a peak
hardness reduction of 0.378 and 1.154 GPa (Fig. 11a, b)when spacingMPBs
from 3 to 2 layers respectively.

Layer spacing of 4 and 5 show a difference in peak-to-peak hardness
values below<0.138 GPa,which suggests negligible tempering and retention
of themetastablemicrostructure.Weconclude that these conditions are best
to retain large hardness differences and to minimize tempering when
architecting different keyhole MPBs. The sample shown in Fig. 2 was pro-
duced using a 5-layer spacing.

As showcased by the “NTU” sample (Fig. 2) we also present the ability
to control phases along the build direction, by stacking the same melt pool
type vertically (and thus by changing from keyhole to conduction mode
within the same layer). To assess the spatial resolution of our strategy along
this direction, we produced an additional sample (Fig. 12) with melt pools
spaced every 1–4 layers at increasing line arrangement (1, 2, 3, 4 lines) using
a fixed hatch spacing of 120 µm. The results show that the spatial resolution
is down to an individual melt pool (i.e., one laser track), which is ~100 µm
wide. The optical contrast suggests minimum tempering from the adjacent
conduction mode melt pools, which solidify before and after the keyhole
melt pool.

Noteworthy in this sample is the macroscopic waviness found at the
sample surface in correspondance ofMPBs,which stems fromdifferences in
themelting interaction of keyhole and conductionmodemelt poolswith the
metal powder as well as the serpentine scan strategy used in this work50,51.
Because of their different dimensions (Fig. 3b), when conduction and
keyhole melt pools occur sequentially, one after the other, within the same
layer, they accumulate different powder volumes52,53. This phenomenon is
further exacerbated by the use of a serpentine scan strategy as well as by the
local powder density during recoating, which is influenced by the peaks and
troughs of the underlying solid metal54–56.

Evident in Fig. 12b is also the formation of cracks, which grow from the
base of the MPBs into multiple layers. Solidification cracking is widely
reported in the literature and is often associated with the grain structure in
keyholemelt pools, which consists of columnar grains coalescing at themelt
pool centreline. The higher solute content at this location reduces the alloy’s

melting point resulting in a liquid film that cracks open under the effect of
the tensile stresses induced during contraction of the surrounding solid
phase as it cools57–59. Further cracking susceptibility considerations include
variations in local alloy composition and phase transformations. In the case
of carbon steels, the ratio betweenmanganese and sulphur content is critical
in preventing the formation of the lowmelting point compound FeS, which
segregates along grain boundaries and increases the temperature range of
solidification57. However, with carbon contents above 0.2 wt%—as is the
case in this work—the effects of carbon on the cracking susceptibility and
the level of un-tempered α’-martensite along the melt pool boundaries is
reportedlymore significant60. Thus,we conclude that the centerline cracking
started in the brittle, un-tempered α’-martensite due to solidification
shrinkage and propagated acrossmultiple layers because of the verticalmelt
pool stacking resulting from the serpentine scanning strategy.

Tensile properties of banded microstructure architectures
Using the phase-control ability that we have achieved, we produce a sample
with horizontal architecture (Fig. 1a) to assess its tensile behaviour and
compare it against a samplewithmonolithicmicrostructure producedusing
conduction mode melting. The results are shown in Fig. 13. We also report
the fracture stress and strain in Table 2. The goal of this experiment was to
achieve improved mechanical properties following the design proposed by
Kurnsteiner et al.10. By alternating bands of hard and soft regions, in fact, it
should be possible to trigger the additional hetero-deformation induced
strengthening brought about by the establishment of back and forward
stresses in the soft and hard regions, respectively6. Our design consisted of
alternating individual keyhole MPBs with un-tempered (hard) micro-
structure produced using a focus laser beam and 9-layer-thick conduction
MPBs of tempered microstructure produced at +4mm focal offset.

Upon testing, we notice an overarching brittle behaviour in both
samples, which is confirmedby the limitedplasticity seen in the stress-strain
curves as well as the characteristic morphology of the fracture surfaces (Fig.
13b–e). The coarse cleavage planes shown in Fig. 13b are representative of
the homogenous microstructure in the monolithic sample, with minimal
evidence of secondary cracking across the fracture surface. In the low
magnification image (Fig. 13d) we can see the homogeneity of the fracture
surface with sporadic lack of fusion pores induced by the shallow conduc-
tion mode melt pool. We observe similar cleavage in the architectured
sample albeit with more ductile dimpling (Fig. 13c), as well as with sec-
ondary, intergranular cracking, which likely formed along the melt pool
length as also seen in comparablemartensitic steels61,62. Observing thewhole
fracture surface, in Fig. 13e, we can see evidence of cleavage features fol-
lowing the banded horizontal architecture (white dashed lines). These
cracks are likely initiated along prior γ-austenite grain boundaries in the un-
tempered microstructure regions (Fig. 6c)63. Crack nucleation in a similar

Fig. 12 | Spatial resolution of phase control.
aMultilayer architectured sample showing vertical
MPB formation, and b centreline solidification
cracking.
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alloy has been reported to begin at blocky retained austenite-martensite
island boundaries, resulting in trans lath fracture64. Quenched steels with
carbon contents above 0.5% are reported to be susceptible to intergranular
fracture and quench embrittlement after tempering at temperatures
between 150 and200 °C63. Furthermore, quenchembrittlement is a function
of the phosphorus content of the alloy, with high phosphorous content
reducing the level of carbon addition to initiate intergranular cracking63.
Considering the lowphosphorus content in our alloy (0.007 wt%), however,

it is more likely that the high carbon content (1 wt%), the presence of α’-
martensite, and the high volume fraction of carbides (Fe7C3 and Fe3C) are
the main factors behind the alloy’s brittleness63,65.

Aside from the brittle-like behaviour of the samples, we notice that the
banded sample exhibits 100MPa higher strength compared to the mono-
lithic sample, reaching ~900MPa. This evidence suggests that crack pro-
pagation is hindered when introducing controlled microstructure
heterogeneities (such as different MPBs), which may have beneficial effects
on the strength of the material. A more detailed investigation of these
regions on the fracture surface (Fig. 14a, b) reveals an increasing gradient in
γ-austenite content, from being absent within the first 20 µm from the
surface to increasing significantly in the deeper portion away (35 µm and
60 µm) from it. This finding confirms that the region under analysis is

Fig. 13 | Mechanical testing. a Tensile results of banded microstructure and
monolithic samples and fracture surface of,b,dmonolithic, and c, e banded samples. Fig. 14 | Phase content analysis at the fracture surface. a γ-austenite percentage

from the fracture surface end, b EBSD phase map of the fracture surface (square
represented in (c)) and c shear bands in thework hardened region. (step size 0.4 µm).

Table 2 | Tensile results

Sample Fracture stress (MPa) Fracture strain (%)

Banded microstructure print 905.7 ± 55.0 1.4 ± 0.7

Monolithic print 845.0 ± 28.1 0.8 ± 0.1
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indeed characterized by the un-tempered microstructure due to the
increased retained γ-austenite content, which is similar to that seen in the
keyholeMPB of Fig. 6c. It also suggests that the strength increase measured
in the banded sample is due to its higher retained austenite content—rather
than to hetero-deformation induced strengthening—which is likely to work
harden and transform into martensite upon increasing load49,66. Talonen et
al. reported similar findings in austenitic steel, which showed α’-martensite
at the fractured surface but a progressive decrease with distance from it67. A
similar trendwas observed byHossain et al. at compressive stresses in excess
of 500MPa, with the hexagonal close-packed structured ε-martensite
transformation observed at randomly spaced stacking faults, andnucleation
of α’-martensite at shear band intersections49. Zhao et al. observed blocky γ-
austenite in high-carbon steel similar to that shown in Fig. 14b and reported
its transformation to martensite after tensile loading and 5% strain68. They
noted the transformation followed the Kurdjumov-Sachs relationship,
induced by the lower stability of the blocky austenite and its less uniform
carbon distribution. Shear bands are observed in high-resolution electron
microscopy image of the work-hardened region (Fig. 14c). The intersection
of these shear bands is reported as a favourable nucleation site for α’-
martensite, with greater nucleation reportedwith increasing stress, resulting
in a corresponding reduction in the γ-austenite phase68–70. The retention of
γ-austenite is desired in the manufacture of transformation-induced plas-
ticity (TRIP) and twinning-induced plasticity steels, highlighted by the
slightly improved mechanical performance of the banded sample by the
TRIP effect as reported by He et al.70. Further reported is the preference for
enlarged (>20 µm) γ-austenite grains with lower carbon content for TRIP
transformation due to lowermechanical stability facilitating transformation
at a lower stress and strain levels. With a lower retained γ-austenite content
due to the continual tempering of the process, themonolithic sample of Fig.
13b shows a reduction in work hardening transformation and, thus, a more
brittle behaviour.

Discussion
Manipulation of the melt pool shape through selective laser beam defo-
cusing represents a level of microstructural control strategy, which offers
finer spatial resolution, improved accuracy, and more convenience com-
pared to what other researchers have reported in the literature11,12,71. For
instance, microstructure architectures with site-specific phases using laser
elemental ablation have shown spatial resolution limits dependent on melt
pool size, which are a factor 2 larger than ours (200 × 350 µm) owing to the
greater energy density used (500 J/mm3)11. Furthermore, this approach is
prone to phase transformation inaccuracies due to inhomogeneous element
dissipation, leaving regions of mixed-phase content. Finally, the need for
vastly different laser energy densities or the use of multiple re-melting laser
scan passes to retain and/or ablate elements is time-consuming and
inconvenient to implement using current laser control software.

While laser remelting processes have shown layerwise phase control in
regions between 40 and 75 µm in width, this process often results in dis-
continuousmicrostructures—unlike the ones we have presented here—due
to thermal gradient fluctuations induced by the second remelting pass12.
Moreover, these strategies yield minor differences in hardness between the
banded region and thematrix (0.4 GPa) compared to our work, whichmay
decrease the benefits associated with a hetero-structure material6.

Phase control methods that employ changes in laser beam power or
scanning speed to vary the volumetric energy density have low spatial
resolution and accuracy, in general, as the difference in cooling rate required
to induce different phase transformations occurs across a narrowprocessing
window. This is seenwith the formation of disconnected regions induced by
inter-tract tempering and the intrinsic heat treatment of the process71. By
contrast, ourwork employsmanipulationof the intrinsic heat treatment and
increased retention ofmetastable phases due to the change fromconduction
to keyhole melt mode, enabling higher resolution and convenience as the
laser power and speed are kept constant.

Convenience, versatility, and property (hardness) contrast are perhaps
the greatest achievements of ourphase controlmethodology.As exemplified

in the “NTU” sample presented in Fig. 2, we can “architect” the final
microstructure by varying the focal offset in 3-D in a reproducible and
consistent manner. This new strategy is well fit to the design paradigm of
hetero-structure materials, where there is a growing interest in the devel-
opment of materials with 3-D microstructural control to impart improved
properties. The results in Fig. 11 are similar to the lamellar solids used in the
field of hetero-structuredmaterials, while those in Fig. 12 are comparable to
rod-reinforced composites6,72. This site-specific phase control principle
yields phase transformations without the requirement for element eva-
poration, openingopportunities to tunephase content inother alloy systems
without property trade-offs. Furthermore, the focal offset could be varied in
operando, during laser scanning, enabling phase change along the scan line
plane and the production of microstructural gradients at the resolution of a
scan line.We exemplified the application of this newphase control principle
with the use of an in-situ high-carbon alloyed steel. However, greater
mechanical property improvements could be obtained if this strategy were
implemented on a different alloy system, such as maraging steels (FeNiTi,
FeNiAl, 18Ni300 etc.), which have improved ductility from fine γ-austenite
grain growth along melt pool boundaries and high strength from pre-
cipitation strengthening10,16,73–75.

The major drawback of this work is the limited plasticity of the case-
study alloy—both with a monolithic as well as an architectured micro-
structure. This is the main reason, we conclude, why we could not find
evidence of hetero-deformation induced strengthening. We ascribe the
alloy’s brittle-like behaviour to the high carbon content, which yields a large
fraction of α’-martensite and thus quench-embrittlement63, even in the
tempered microstructure (see Table 2). Moreover, porosity and solidifica-
tion cracking are also known to contribute to brittle-like behaviour. The fact
that pores or cracks may be aligned within keyhole MPB regions or along
keyhole melt pool centerlines, respectively, exacerbates their negative
influenceonmechanical properties by creating easy preferential crackpaths.
To mitigate these problems, we suggest the employment of a scanning
strategy that involves scan rotation of each layer with multifactorial peri-
odicity. The 67° scan rotation strategy is a good example strategy, whichwas
proven effective in mitigating strain accumulation too. We note, however,
that employing a scan strategy with arbitrary rotation while ensuring site-
specific phase control is challenging, especially when attempting to engineer
complex 3-D microstructure architectures comprising both horizontal and
vertical MPBs (e.g., Fig. 1)76. Should this level of control be available, we
speculate that periodical rotation of scan lines would also improve the
roughness of the top surface induced by keyhole MPBs, as the peak and
trough formations between adjacent melt pools would be distributed ran-
domly along the build direction77. Similar benefits could also apply to pores
and solidification cracking.

With regard to the latter, we propose that minimising the temperature
difference between the solidified metal and the melt pool could potentially
limit crackingbydecreasing the volume fractionofα’-martensite. This could
be achieved by pre-heating the substrate or the powder bed below the
annealing and martensite starting temperature29,78,79. The drawback of this
solution, however, would be a decreased property contrast. Alternatively,
post-process heat treatments could be used to obtain a solid solution
strengthened steel of hard and soft α’-martensite regions, induced by
selective partitioning of alloying elements during L-PBF80.

Besides engineering the mechanical properties, our phase control
method may find potential potential applications when other site-specific
property enhancement is needed, such as wear and corrosion resistance as
well as soft magnetism. Furthermore, through the employment of a rotating
scanning strategy we could create bioinspired Bouligand structures of hard
and soft phases for improved toughness and fracture resistance. Indeed,
producing α’-martensite carbon steels by L-PBF without the need for costly
post-process carburisation would be advantageous from an economic
standpoint81–83. Another possible application of this phase control method is
in part identification, by selectively retaining un-tempered α’-martensite to
create recognizable “patterns” to identify parts upon tint etchants under a
simple optical microscope (e.g., Fig. 2)8,84.
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Methods
For the experiments detailed in thiswork,weused amixtureof gas-atomised
Sandvik Osprey AISI 8620 low alloy steel powder (15–53 µm in size) and
1 wt% Cabot 660 carbon black, which we prepared using an Inversina
tumbler mixer for 8–10 hours. The distribution of carbon coating the AISI
8620 powder particles is evident in the SEM image Fig. 15, with black spots
indicative of carbon. The rationale for studying a high carbon (C) steel was
to push all diffusional phase transformations to longer times to ensure the
retention of a super-saturated solid solution upon cooling, as well as to
account foruncontrolled carbon losses duringprocessing.Toverify the alloy
composition in the as-built state, we employed combustion infrared
absorbance to analyse carbon and sulphur and inductively coupled plasma
atomic emission spectroscopy for the remaining elements. The results for
different samples produced in this study are shown in Table 3. We include
themeasurement uncertainty inSupplementaryTable 1.Carbon loss during
the printing process is evident, and it is likely the result of vaporisation
because of the high energy input, or a reaction with residual oxygen in the
chamber83,85. As expected, however, the final carbon content is sufficient to
create a super-saturated matrix and induce a high content of martensite.

The in-house developed L-PBF machine employed an SPI G4 nano-
second pulse laser, which was controlled by a Cambridge Technology
ProSeries II scan head and focused using an F-theta lens. A square wave
pulse waveform was employed in this work with a repetition frequency of
950 kHz, pulse on time of 261 ns and pulse peak power of 1100W86. We
manufactured 6 × 6 × 6mm and 8 × 8 × 8mm cubes for microstructural
evaluation and 12 × 12 × 38mmblocks formicro-tensile testing, all atop an
AISI 8620 substrate. We produced samples with a laser power of 200W,
hatch spacing of 120 µm, powder layer thickness of 50 µm, and laser

scanning speed of 400mm/s, which corresponded to a laser energy density
of 83 J/mm3.We produced all samples using a serpentine scanning strategy
over the whole surface with no rotation in between layers. We set the laser
scan direction perpendicular to nitrogen gas flow and parallel to the
direction of powder spreading. To control the resulting crystallographic
phaseswe varied the laser focuswithin a rangebetween0mm(in-focus) and
+4mm. We further tuned the sample base temperature during L-PBF by
introducing dwell time delays of up to 1min after each layer to ensure that
we consistently form martensite upon solidification. Similar dwells were
done in other works focused on phase control10,16,73.

We used electro-discharge machining to cut samples off the build
plate into dog bone-shaped samples for tensile testing or along different
cross-sections for microstructural evaluation.We estimated build density
by averaging three repeated Archimedes tests using a Mettler Toledo
XS204 mass balance and by immersing the samples into a bath of 99%
Ethanol. We prepared the samples for microstructure analysis by hot
mounting in a conductive resin, followed by grinding in diminishing grits
up to a final polish with a 1 µm diamond suspension for optical micro-
scopy analysis and 0.25 µm colloidal silica suspension for scanning elec-
tronmicroscopy (SEM). To characterize themicrostructure we etched the
polished sample surface withNital reagent (containing 2%Nitric acid) for
10 s, followed by evaluation using an Olympus MX40 optical microscope
at magnifications from ×2.5 to ×500. To assess the influence of laser focal
offset on melt pool morphology, we took melt pool depth measurements
of cross-sectioned discrete samples produced at each focal offset (0, 1, 2, 3,
and 4mm) at 16 locations along the line scan. Each imagewas takenwith a
magnification of ×100 using the Olympus Stream imaging software with
calibrated in-built measurement tools. We used a JEOL FESEM 7800 F
Prime to acquire backscattered electron images as well as electron back-
scatter diffraction (EBSD, Oxford Instruments Symmetry S2) measure-
ments to map the crystallographic phase distribution. EBSD
measurements used an accelerating voltage of 20 kV, probe current of
20 nA, and step size of 0.15 and 0.08 µm for low- and high-magnification
maps, respectively. We analysed EBSD maps using AZTecCrystal soft-
ware. Higher resolution imagingwas obtained from transmission electron
microscopy (TEM) with images taken from a lamella produced by a focus
ion beam (FIB) on a FIB Zeiss Crossbeam 540. We carried out the TEM
analysis using a JEOL-ARM300 aberration-corrected microscope at
300 kV using a cold field emission gun. We analysed the SAED using
JEMS software. We collected the PED data using a Stingray camera and
analyzed the measurements by means of the ASTAR system supplied by
Nanomegas. The PED measurements were performed with a precession
angle of 0.28o and a precession frequency of 100Hzwith an exposure time
of 0.01 second per frame. We confirmed the presence of crystallographic
phases in the bulk by means of XRD using a Bruker D8 Advance dif-
fractometer with a CuKa radiation source (λ = 0.154 nm), which we
operated at 40 kV at an emission current of 40mA. We set the XRD
scanning speed to 1°/min across the 2θ range between 5° and 90°. We
indexed the XRD patterns with the use of Match! software. We also
assessed the content of ferrite in our samples by taking fivemeasurements
using a Fischer FMP30 Feritscope.

To assess the local mechanical properties of the multi-phase samples,
we employed nano hardness measurements using an Agilent Technologies
G200 machine equipped with a Berkovich indenter. We used continuous
stiffnessmodewith amaximumdisplacement of 1000 µm.We took indents
in three sets for each sample, with starting indents proceeding below the
martensite-dominated melt pool and subsequent indents taken along the

Fig. 15 | Powder analysis. AISI 8620 low alloy steel powder mixed with 1 wt%
Carbon, black regions on particles indicate carbon coating.

Table 3 | Powder and sample composition in wt%

Fe C Mn Ni Cr Si Mo P S

Powder Bal 1.22 0.7 0.6 0.5 0.32 0.22 0.007 0.006

Banded microstructure Bal 0.87 0.71 0.70 0.55 0.31 0.22 <0.01 0.009

Monolithic Bal 0.89 0.71 0.71 0.55 0.31 0.22 <0.01 0.01
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build direction at 20 µm increments in five columns spaced 50 µm apart.
Three columns were used in the architecture sample. We characterized the
nano-indent by means of optical microscopy at a magnification of ×100
and ×200.

We carried out themicro tensile tests on samples with a gage length of
8mm, width of 2mm, and thickness of 1mm.We employed a strain rate of
0.008mm/s on a Shimadzu AGS-X 50kN tensile tester utilising an optical
extensometer with five repeated trials for each sample condition. We also
recorded testing machine compliance using a rigid steel bar at the same
sample strain rate of 0.008mm/s to a maximum load of 2000N, which
exceeds that exerted on the micro tensile samples. We then subtracted the
compliance curve from the sample’s tensile curves.

Data availability
No datasets were generated or analysed during the current study.
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