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Trifunctional local-range order oxygen
structure enhanced strength-ductility and
fatigue resistance in large-scale metastable
titanium alloy

Yamei Mao1, Qinyang Zhao 1 , Runqi Zhang2,3, Ping Guo3,
Yongnan Chen 1 & Yongqing Zhao1,3

Research on high-performance Ti alloys incorporating oxygen (O) has
remained a laboratory procedure and is hindered by the unresolved issue of O
segregation-driven failure. Here, we demonstrate that O can tailor a nanoscale
local range order O (LRO-O) structure between the oxide and random inter-
stitials in Ti alloy. We introduce 0.36wt% O into metastable Ti-5Al-5Mo-5V-3Cr
alloy using a short-term powder metallurgy approach to produces large-scale
materials. The LRO-O structure in designed alloy prevents crack initiation by
promoting the active nucleation of <c>-type dislocations and altering the slip
modes during tensile and fatigue failure. The alloy has high strength (1.7 GPa),
elongation (7.9%), and fatigue strength (1058.3MPa), whichoutperformsmany
high-strength, high-O Ti alloys. Our findings provide a scalable, practical route
to superior mechanical properties for Ti alloys without costly alloying
elements.

Driven by the goals of lightweight design in aerospace applications,
solving the inherent trade-off dilemma between strength and ductility,
along with the ambiguous relationship between fatigue strength and
strength-ductility, has been a significant challenge in the attainment of
high-performance titanium (Ti) alloys1–4. Optimizing the composition
and microstructure using thermomechanical processing and heat
treatment is a key strategy for enhancing the synergybetween strength
andductility5–7. Despite these advances, challenges remain in achieving
higher yield strength and improving fatigue resistance.

The controlled additionof interstitial oxygen (O) has emerged as a
transformative strategy for enhancing the mechanical properties of Ti
alloys. InterstitialO enhances the strength of Ti alloys not only through
interstitial solid solution strengthening, but also by influencing the
formation and stability of metastable phases (ω, α‘, and α“ etc.)8,9. In
addition, O uniquely refines microstructures, intensifies the disloca-
tion activity, activates the double-slip and <c + a >-type dislocations,

and influences the twinning modes9–20. Due to these attributes, O is
indispensable for developing high-performance Ti alloys9–20. Con-
trolled O addition improves yield strength and some Ti alloys have
been reported to retain reasonable ductility17,21–24, but keeping inter-
mediate ductility at high strength level is still difficult25,26. Additionally,
studies on the fatigue resistance of high O content Ti alloys are limited
because of a severe decline in fatigue life at high O levels26,27. These
adverse effects result from crack initiation and propagation by
O-induced due to O segregation and localized plastic deformation,
such as grain boundary cracking, α phase cleavage and shearing, and
α/β interface debonding26,28. These shortcomings, compounded by
processing complexities, confine high O content Ti alloys to the
laboratory stage29–33. Therefore, resolving O segregation is pivotal for
industrializing high-strength and ductile Ti alloys with high O content
and revealing their potential for aerospace and other demanding
applications.
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The chemical local range order (LRO) structures, which contain
chemical short/medium-range order (SRO/MRO) structures, can
coordinate deformation by changing the dislocation shear mode,
thereby fosteringwork hardening andenhancing the fatigue resistance
of metallic materials34–36. Our work introduces 0.36wt% O into the
widely used Ti-5Al-5Mo-5V-3Cr (Ti-5553) commercial metastable Ti
alloy prepared via a powder metallurgy short process (vacuum sin-
tering, conventional forging, bar rolling, and one-step low-tempera-
ture annealing) to obtain large-scalematerials (lengths above 6mwith
a diameter of 16mm). Thus, these materials have great industrializa-
tion potential. Besides, as the control sample, the 0.22wt% O was
introduced into Ti-5553 alloy using the same method.

Here, the interstitial Oatomswere tailored to a local rangeorderO
(LRO-O) structure in Ti-5553-0.36O alloy, which is designed to reduce
and even eliminate O segregation and inhibit crack nucleation at
interfaces. This structure achieves a trifunctional synergy of strength,
ductility, and fatigue strength by promoting the formation of <c>-type
dislocations, enabling cross-slip, shifting the slip from planar to wavy
for plastic flow homogenization under tensile deformation, and com-
bining <c>-type dislocation interactions with twinning and dominant
planar slip to enhance fatigue resistance. This research provides an
approach that directly enhances the design of alloys with compre-
hensive high-performance and can be readily scaled up for the appli-
cation of large complex structural components; thus, critical insights
are provided for future developments in metal materials.

Results and discussion
Microstructure and inner LRO-O structure
Wedesigned twoTi-5553-xO alloys with different O contents (0.22wt%
and 0.36wt%), which will be referred to as the 0.22O alloy and 0.36O
alloy in the following part of this study. The 0.22O alloy exhibits a
macroscopically uniform microstructure, characterized by a con-
tinuous distribution of the primary α (αP) phase and a regional dis-
tribution of the secondary α (αS) phase with varying sizes at the
microscale (Supplementary Fig. 1a–c). The LRO-O structures have not
been detected in 0.22O alloy (Supplementary Fig. 1d–f). Thus, due to
the page limitation, we mainly focus on the 0.36O alloy, to illustrate
the effects of LRO-O structures. Themicrostructure of the 0.36O alloy
exhibited a distinct layered structure, characterized by a pronounced
chain-likemorphology of theαP phase and a disordered distribution of
the αS phase within the β grains (Fig. 1a and Supplementary Fig. 1g–i).
Moreover, the size difference of the αS phase varies due to thermo-
mechanical processing and annealing. The three-dimensional recon-
structions of the alloys revealedO isoconcentration surfaces at 4At.%O
(Fig. 1b), as shown by atom probe tomography (APT). It clearly
demonstrated that O was relatively uniformly dispersed throughout α
phases of the alloy, and its distribution exhibited a nanoscale LRO
structure. We further analyzed the LRO-O structure by the average
composition profile as a function of the distance to the iso-surfaces,
which was calculated from one random LRO-O structure (Supple-
mentary Fig. 2a inset). The resulting O profile is plotted in Supple-
mentaryFig. 2a, b, alongwith the compositionof themain constituents
relative to their composition away from the structure, that is, in the α
phases, which reveals enrichment in O within the LRO-O structure.
Moreover, the synchrotron X-ray diffraction (SXRD) analysis (Supple-
mentary Fig. 3) rules out the presence of new metastable phases and
another Ti-O oxide in the0.36Oalloy, confirming the potential of LRO-
O. Its formation originated from the second stage of the alloy pre-
paration process; during this stage, multiple forging operations were
performed in theα + βphase region, followedby air cooling.With each
reduction in the forging temperature, the enthalpy term in the Gibbs
free energy becomes increasingly significant, leading to the formation
of an LRO-O structure (including SRO-O and MRO-O) to minimize the
free energy37. This structure represented a significant phenomenon in
which no discernible O segregation was observed at phase or grain

boundaries and sharply contrasted with the typical interfacial O seg-
regation reported in previous studies on Ti alloys, effectively pre-
venting the degradation of mechanical properties commonly
associated with interfacial brittleness. Furthermore, one-dimensional
concentration profiles (Fig. 1c) revealed that theOconcentration in the
α phase was markedly higher than that in the β phase. The LRO-O
structures containing SRO-O structure (<1 nm) in the αS phase and
MRO-O structure (>1 nm) in the αP phase were examined (Fig. 1d).
Interestingly, the selected-area electron diffraction (SAED) patterns of
the αS phase along the [�2110] zone axis revealed additional diffuse
disks (Fig. 1e). Although these disks exhibit noticeable broadening
compared to those of a typical hexagonal close-packed (HCP) lattice,
they remain discernible at intermediate positions, indicating the for-
mation of an SRO-O structure in the αS phases. The high-angle annular
brightfield scanning transmissionelectronmicroscopy (HAABF-STEM)
image (Fig. 1f) of the αS phase and intensity profile (Fig. 1g) further
confirmed that O occupied the interstitial sites within the HCP lattice
with comparable frequencies. Diffuse superlattice diffraction spots
(Fig. 1e) can be visualized and their features entity further revealed
through the central dark-field phase and a close-up view in the inset
(Fig. 1h). The average size of the SRO-O entities identified is �d =0.7 nm
(Fig. 1i). Interestingly, along the [�2110] zone axis in theαP phase (Fig. 1j),
diffuse scattering almost disappeared, shifting to additional spots of
concentrated diffraction intensity, as shown by the arrows (one of
which is circled in white); thus, the degree of LRO-O increased and
provided strong evidence for the presence of MRO-O. Additionally,
these diffraction spots were significantly weaker in intensity than the
sharp spots from the HCP lattice of the αP phase. Similarly, O in the αP

phase occupies the same interstitial sites within the HCP lattice with
comparable frequencies (Fig. 1k). This difference in the LRO-O struc-
tures of the αP and αS phases could be related to their relative O
content resulting from different formation condition. To observe the
locations and dimensions of coherently diffracting regions, MRO-O
entities were further observed in the central dark-field image and a
close-up view in the inset (Fig. 1l). The vast majority (95%) of these
MRO-O entities are approximately 1 nm in size, with an average size of
�d = 1.6 nm (Fig. 1m). These observations are consistent with the SAED
patterns and central dark image in Supplementary Fig. 2c–f.

Tensile and fatigue properties
The engineering stress‒strain curves (Fig. 2a) show that 0.36O alloy
achieves an excellent combination of yield strength (1758MPa) and
ultimate tensile strength (1779MPa), with a strain to failure of up to
7.9%. The magnification image of the tensile curve (inset of Fig. 2a)
reveals a pronounced double-yielding phenomenon, which is distinct
from conventional results. Compared to the 0.36O alloy containing
the LRO-O structure, the 0.22O alloy exhibits lower yield strength
(1641MPa), ultimate tensile strength (1704MPa), and strain to failure
(4.8%). The distinction is also evident in the strain-hardening behavior
after elastic deformation, characterized by a rapidmarked rise (0.36O
alloy) and decline (0.22O alloy) in the strain-hardening rate curves
(Fig. 2b). This behavior of 0.36O alloy indicates the activation of
additional deformationmechanisms that contribute to themaintained
ductility38. Previous studies on Ti alloys have consistently demon-
strated that the soft phase (αP) undergoes plastic deformation, the
hard phase (αS) remains in the elastic region, and the macroscopic
yielding typically occurs after the hard-phase components39,40. There-
fore, unlike traditional Ti alloys, our designed 0.36O alloy exhibits
different plastic deformation behavior, which occurs after αP phase
plastic deformation and before αS phase plastic deformation and is
related to themicrostructures andpresence of inner LRO-O structures.
Most importantly, this 0.36O alloy achieves an exceptional combina-
tion of yield strength and good ductility and surpasses other high-O
and typical metastable β high-strength Ti alloys (Fig. 2c and Supple-
mentary Note 1). The designed 0.36O alloy retains an exceptional
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synergy of strength and ductility, and its excellent performance is
attributed to the robust contribution of the LRO-O structure. The
fracture surface and cross-section microstructure of the 0.36O alloy
(Supplementary Fig. 5a, b, d, e) exhibit mixed fracture morphologies;
these morphologies are characterized by the presence of numerous
dimples and cleavage fractures. Additionally, the crack propagation
path reveals irregular and rough features, further highlighting the
interactions between the cracks and some microstructures or special
structures (Supplementary Fig. 5c). Nevertheless, the tensile fracture

of the 0.22O alloy exhibits significant necking (Supplementary Fig. 6a,
b), featuring dimples and localized cleavage fracturewith a larger area.

Regarding the high-cycle fatigue (HCF) test of the 0.36O alloy at a
load ratio of R = 0.1 (Fig. 2d), the scatter in the fatigue life, expressed in
terms of maximum stress (σmax) as a function of the number of cycles
to failure (Nf), is minimal. The fatigue strength of the 0.36O alloy
(1058.3MPa) is significantly superior to that of conventionally repor-
ted metastable Ti alloys (Fig. 2e and Supplementary Note 2). In con-
trast, the fatigue strengthof the0.22Oalloy (900.0MPa)without LRO-

Fig. 1 | Microstructure and characteristics of the local range order O structure
(LRO-O, containing short/medium-range order O (SRO-O/MRO-O) in the
0.36O alloy. aMicrostructure image of the designed alloy using scanning electron
microscope (SEM). b Atom probe tomography (APT) three-dimensional recon-
struction, showing the uniform dispersion of O and the absence of O segregation.
Besides, the distribution maps of Ti, Al, Mo, V, and Cr elements are shown in
Supplementary Fig. 4. c One-dimensional concentration profile across the phases
interface from α to β phase, indicating that Al andO are primarily distributed in the
α phase, whereas Mo, V, and Cr are concentrated in the β phase. The error bars
represent the standard deviation of the mean. d Microstructure image of this
designed alloy obtained by transmission electron microscopy (TEM). e Selected-
area electron diffraction (SAED) pattern of the SRO-O structure along the [�2110]
zone axis in the αS phase (colours are applied to highlight the SRO structure). The
dark-field image is pseudocoloured for better visibility. fHigh-angle annular bright

field scanning transmission electron microscopy (HAABF-STEM) image of αS phase
in image (d), with red arrows indicating O atom columns and white arrows indi-
cating Ti atom columns. g Intensity profile corresponding line of image (f).
hCentral dark-field image from superlattice diffraction shows distinguishable SRO-
O domains. i Size distribution of the identified SRO-O domains according to the
central dark-field image in image (h), with the average size (�d) and standard
deviation (σ) provided in the inset box according to the three similar images. j SAED
patterns of the MRO-O structure along the [�2110] zone axis in the αP phase.
k HAABF-STEM image of αP phase in image (d), with red arrows indicating O atom
columns. l Central dark-field image obtained using extra reflections from image (j),
illustratingMRO-O superlattice entities.m Size distribution of theMRO-O domains
according to the central dark-field image in image (l), with the average size (�d) and
standard deviation (σ) provided in the inset box according to the three similar
images.
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O structure is inferior to 0.36O. The fracture morphology of the
0.36O alloy exhibits a combination of dimples and cleavage features,
with a rough fracture surface and irregular crack propagation paths
(Supplementary Fig. 5f–n). These results indicate that the cracks ori-
ginate from various sites, suggesting that fatigue cracksmay randomly
nucleate at stress concentrators or microstructural defects (Supple-
mentary Fig. 5g, h). The irregular crack paths highlight the critical role
of the microstructure in hindering fatigue crack propagation, indi-
cating that crack growth is impeded by microstructural barriers such
as grain boundaries, phase interfaces, or the LRO-O structure. The
density of microcracks in 0.22O alloy after fatigue fracture (Supple-
mentary Fig. 6g, h) is significantly higher than that in the 0.36O alloy,
which is associated with several local stresses.

To comprehensively investigate the effects of the microstructure
and the inner LRO-O structure on the mechanical properties of the
0.36O alloy, in-situ tensile testing (Fig. 3) was conducted at both the
macroscopic and microscopic scales using in-situ electron back-
scattered diffraction (EBSD) and in-situ TEM, respectively. High-
magnification in-situ scanning electron microscope (SEM) (Fig. 3a)
observations were captured on the polished surface of the tensile
specimen before tensile testing for comparison with the subsequent
deformation stages. Based on the in-situ EBSD results at 5% strain
(Fig. 3b), parallel slip lines were observed inside several αP phases,
whereas cross-slip activity was also evident acrossmany α phase and β
phase regions. As the strain increased to 10% (Fig. 3c), additional slip
lines were detected within other αP grains, which attributed to the
elevated tensile load exceeding the critical resolved shear stress of
additional slip systems. Similarly, low-magnification images (Supple-
mentary Fig. 7) and deformation information (Fig. 3d–f) were captured

and analyzed. In the macroscopic in-situ tensile tests, the engineering
stress‒strain curve (Fig. 3d and inset) exhibited a less pronounced
double-yield phenomenon. The inverse pole figure (IPF) maps
(Fig. 3(e1, f1)) showed significant lattice distortion, particularly at 10%
strain. Compared with the kernel average misorientation (KAM) and
grain orientation spread (GOS) results at 5% strain (Fig. 3(e2, e3)), 10%
strain led to a marginal increase in local deformation and orientation
shifts (Fig. 3(f2, f3)). These results were corroborated by an increase in
the geometrically necessary dislocation (GND) density (Fig. 3(e4, f4)),
which reached 1.87 × 10¹⁵m−2 at 10% strain. While the GND density
increased as the strain increased from 5% to 10%, the KAM is anom-
alous correlation with GND, which was attributed to stress-relief
mechanisms facilitated by multidirectional planar slip during the
deformation process41. In this process, the LRO-O structure typically
promoted a uniform dislocation distribution within grains. The acti-
vation of the cross-slip or multiple slip systems could locally increase
the GND density due to strain incompatibility among the slip systems,
without significantly altering the crystal orientation, thereby main-
taining relative slightly KAM and GOS distruibutions. Therefore, the
0.36O alloy exhibited exceptional deformation homogeneity and
could withstand severe plastic deformation.

Furthermore, after elastic-plastic deformation of 0.36O alloy
samples without fracture and fracture failure, these deformation
behaviors were observed using in-situ TEM by tensile test. In the for-
mer case, bundles of dislocations within αP phases were observed
during the initial stages of loading, and these dislocations subse-
quently migrated within αP phases (Fig. 3g and Supplementary
Movie 1). Rather than accumulating at the heterointerface, these dis-
location bundles penetrated the αP phases, continued to propagate

Fig. 2 | Uniaxial tensile and high-cycle fatigue (HCF) performance of the 0.22O
and 0.36O alloys. a Engineering stress‒strain curves, with the inset showing a
magnified view of the double-yield stage and a schematic of the tensile test sample.
b True stress‒strain curves and their corresponding strain-hardening rate curves.
cComparison of the yield strength and fracture elongation for Ti and its alloys with
high-O and typical high-strengthTi alloys. The corresponding literature sources are

detailed in SupplementaryNote 1.dMaximumstress versus the numberof cycles to
failure (S‒N) data at R =0.1, and the inset illustrates a schematic of the HCF test
sample. e Comparison of the ultimate tensile strength and fatigue strength among
the different Ti alloys, the corresponding literature sources provided in Supple-
mentary Note 2.
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into the interior, and formed localized dislocation networks during
migration. Subsequently, local regions imposed a weaker barrier to
dislocation motion, and led to a general reduction in the hindrance
effect. Consequently, additional dislocations were continuously gen-
erated and migrated; thus, the alloy had excellent tensile ductility
showing the platform from 15% to 19% strain (Fig. 3h, orange line).
These results indicated that the dislocation in αP phases interacted
with MRO-O structures, resulting in an SRO-O structure during tensile
deformation, which were also demonstrated by the SAED patterns of
αP (inset in the 0” and 2'40” capture images). Here, when the defor-
mation ended, the diffuse spots of the MRO-O structure were no
longer detected, and severe distortion of the lattice was observed by
the deviating spots and the appearance of a ring structure.

The fracture failure sample exhibited exceptional tensile strength
and ductility at room temperature before fracture, and its maximum
elongation exceeded 20% (Fig. 3h, green line), which showed the

excellent tensile deformation capability of the alloy showing the strain-
hardening at the 10%–14% strainfirst and then strain softening after the
14% strain. Snapshot images from real-time in-situ tensile testing of the
0.36O sample were captured at various intervals (Supplementary
Movie 2). When focusing on the αS phases, no significant dislocation
motion was observed across the entire field of view. Instead, the
transgranular slip happened, propagated from the lower right to the
upper left of Fig. 3i, and involved twoαS phases. Transgranular slip and
multiple slip show obvious slip bands or local depressions on the
macro level, and these deformations are relatively uniform (Supple-
mentary Fig. 7). This phenomenon occurred because the deformed
grains were influenced by the SRO-O structure, where the strain-
hardening effect was pronounced. This increased the stress gradient
between the adjacent grains, thereby promoting slip transmission.
Further mechanisms for these dislocation phenomena are shown
in Fig. 4.

Fig. 3 | In-situ tensile tests of the 0.36O alloy at Room temperature. a–c High-
magnification in-situ SEM images of the tensile specimen at controlled strain levels
of 0%, 5%, and 10%. The strains are not true engineering strains. d Stress‒strain
curves recorded during the in-situ electron backscattered diffraction (EBSD) pro-
cess. e In-situ EBSDmaps at 5% strain. f In-situ EBSDmaps at 10%strain, respectively.
The maps include the inverse pole figure (IPF) (e1, f1), kernel average misorienta-
tion (KAM, e2, f2), grain orientation spread (GOS, e3, f3), and geometrically
necessary dislocation (GND, e4, f4). All samples were observed along the rolling
direction from left to right. g Snapshot images from real-time in-situ tensile test

videos (Supplementary Movie 1) captured at different times. The sample was
unloaded after plastic deformation without undergoing tensile fracture. The red
dotted lines indicate the shape of the αP phase, and the SAED pattern images are
shown in inset image obtained at the beginning and end of the test. h Stress‒strain
curves corresponding the elastic-plastic deformation without fracture in image (g)
and fracture failure in image (i). i Snapshot images from real-time in-situ tensile test
video (SupplementaryMovie 2) during tensile deformation. The area within the red
solid line is where αS phases undergo transgranular slip. The tensile rate was
maintained at 1 nm/s during the in-situ TEM tests.
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Mechanism of strength‒ductility‒fatigue resistance matching
The failure of the 0.22O alloy is attributed to deformation twinning
and dislocation accumulation (Supplementary Fig. 8). Nanoscale twins
(5–15 nm) initially formed to accommodate strain, while O strength-
ened the α phase less effectively than in the 0.36O alloy. Dislocation
pile-ups at theα/β interface caused local stress concentrations, leading
to twin nucleation. As deformation progressed, twinning alone could

not sustain the increasing stress, resulting in intensified stress con-
centrations and the initiation of internal cracks, as evidenced by
microcracks near the fracture surface and pronounced necking (Sup-
plementary Fig. 6b).

Additionally, based on the above microstructural observations in
0.36O alloy, the excellent mechanical properties were attributed to
the unique characteristics of the designed LRO-O structure within the

Fig. 4 | Dislocation and interstitial O characteristics after tensile deformation
of the 0.36O alloy. a–d Dislocation characteristics using ex-situ TEM at various
strains of 2%, 3%, 4% and 5%. e, f Dislocation configurations at 2% strain in αP phase
under g = [0002] and g = [−2110]. g, h Dislocation configurations at 4% strain in αP

phase under g = [01–10] and g = [0001]. iMicrostructure morphology. j High-angle
annular dark field scanning transmission electron microscopy (HAADF-STEM)

image corresponding in image (i) of α phase. The top right corner shows a high-
magnification HAADF-STEM image. k Corresponding geometrical phase analysis
(GPA) for the stress distribution of image (j). lDiagramof the interstitial O atoms in
the tetrahedral site and octahedral site. m Diagram of the LRO-O structure in a
0.36O alloy and its effect and variation on tensile deformation.
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αS and αP phases combined with the dislocation interactions. The
experimental evidence presented herein accentuated the significant
strengthening and toughening effects imparted by the LRO-O struc-
ture and elucidated the intriguing phenomena of dislocation dis-
sociation and motion in its presence. The dislocation behavior under
various strain levels ranging from 2% to 5% was systematically inves-
tigated using ex-situ TEM (Fig. 4a–d). The TEM samples were extracted
from equivalent positions within the deformed region to ensure con-
sistency, since no fracture was observed in the specimens. Interest-
ingly, at low strain levels, multidirectional planar dislocations slip
within the αP and β phases (Fig. 4a), and grain boundary sliding,
accompanied by this, was identified within the αS phase (Fig. 4b). In
fact, these planar dislocations are likely to originate from the softer β
phase, which is highly consistent with the in-situ TEM straining test
observations—conducted on a sample taken from the center of the
gauge section at 1% strain—where planar slip was found to traverse the
α/β interfaces and form a dislocation network within the αP phase
(Supplementary Fig. 9, SupplementaryMovie 3). At room temperature,
grain boundary sliding was facilitated by the coordination of atomic-
scale direct sliding and short-range atomic diffusion; this effectively
mitigated crack formation and enabled substantial ductility42. At this
stage, the alloy’s plastic deformation was governed primarily by a
multidirectional planar slip mechanism and characterized by a rela-
tively uniform slip plane and minimal impediments to dislocation
motion. Moreover, certain regions of the αS phase were already
engaged in plastic deformation during the deformation initial stages
and were the cause of the first yield phenomenon. Additionally, the
transmission of dislocations from the β phase into the αP phase
(Supplementary Fig. 9 and SupplementaryMovie 3) also contributes to
the initial yielding of the alloy. As the strain increased to 4%, cross-slip
dislocations became evident (Fig. 4c), indicating a higher frequency of
transitions between the slip planes within the material. By 5% strain
(Fig. 4d), the dislocation motion encountered more obstacles, result-
ing in dislocation pile-ups. This accumulation contributed to an
increase in material strength and was shown as plastic deformation
accompanied by pronounced work hardening.

Interestingly, the <c> -type dislocations were identified in the
alloy designed for this study using dual-beam diffraction analysis
(Fig. 4e–h). A significant proportion of these dislocations were screw
types and were aligned parallel to the [0002] (Fig. 4e) and [0001]
(Fig. 4h) directions. Compared with the <a>-type and <c + a >-type
dislocations, the <c>-type dislocations with a < 0001> Burgers vector
were long considered energetically unstable and unlikely to self-
nucleatewithin theHCP lattice during deformation43. The formation of
the <c>-type dislocations was usually driven by the localized decom-
position of the <c + a>-typedislocations into the <c>-type and<a>-type
components44,45. In this study, the <c>-type dislocationswereobserved
at 2% strain, whereas all three dislocation types were detected at 4%
strain in the alloy with the designed LRO-O structure, which indicated
that the LRO-O structure had dual functionality. It facilitated the
nucleation of the <c> -type dislocations at lower strain levels (Fig. 4e)
and promoted the dissociation of the <c + a> -type dislocation into the
<c>-type and <a>-type component at higher strains (Fig. 4g, h). The
emergence of the <c + a>-type dislocations at higher strains further
indicated the activation of a more complex slip system within the
material, and this behavior was closely associated with the strain-
induced dislocation interactions46. The dislocation dissociation resul-
ted in the decomposition of the originalMRO-O structurewithin theαP

phase into an SRO-O structure. This phenomenon was confirmed by
the changes in the SAED pattern (Fig. 4h, inset) aswell as by the central
dark-field images and the size distribution of the SRO-O structures
(Supplementary Fig. 10).

The LRO-O structure in the screw dislocation core was further
analyzed using STEM images (Fig. 4i, j). O atom columns were
observed at the HCP lattice tetrahedral sites on the tensile side of the

screw dislocation core (Fig. 4j and inset), whereas these columns were
absent in the lower-stress regions without dislocations (Fig. 4k).
Assuming that the stress state determined by in-situ EBSD (Fig. 3d–f)
closely resembled the uniaxial tension applied to the specimen. The
calculated Schmid factor (Supplementary Table 1) for (−1100) < 0001>
slip (SF = 0.43) was comparable to that for the basal <a> slip (SF =
0.44). This similarity suggested that the prismatic <c> slip was rela-
tively easy to activate in this material. When a <c>-type dislocation
nucleated on a prismatic plane, atomic shuffling along the normal
direction of the prismatic plane (prismatic shuffling) became
necessary47,48. In the presence of the O interstitial atoms located at the
octahedral sites on the slip plane, the generalized stacking fault energy
significantly increased. As slip progressed, the original octahedral
positions on the slip plane gradually transformed into tetrahedral
positions (Fig. 4l); this led to a reduction in the generalized stacking
fault energy and the release of accumulated stress after severe defor-
mation at high O concentrations49,50. This also explains that with the
increase of strain, the dislocation density increases while the KAM and
GOS change slightly. The interaction between the LRO-O structure and
the core of <c>-type screw dislocations was shown to manifest in
phenomena such as the forced migration of O atoms from their ori-
ginal positions to the nearby <a> planes, as well as the ability of O
atoms near the dislocation core to induce partial cross-slip of dis-
location lines onto the adjacent prismatic planes. These interactions
were macroscopically manifested as a transgranular slip (Fig. 3 and
Supplementary Fig. 7). Collectively, these effects resulted in a strong
pinning effect on the screw dislocations, leading to significant
strengthening. The activation of the prismatic <c> slip increased the
number of independent slip systems capable of accommodating
external strain, which could be used to explain the enhanced ductility
observed in the 0.36O alloy (Fig. 4m). Evidently, the LRO-O structure
played a critical role in the dislocation activation by reducing the
energy barrier for the nucleation of the <c>-type dislocations in the
HCP lattice, and promoting the nucleation of additional disloca-
tion types.

In this work, after the HCF test, the <c>-type dislocations were
detected within the unbroken 0.36O alloy after 107 cycles (Fig. 5a, b),
which is rarely observed. Research has shown that the <c>-type dis-
locations in HCP structures can dissociate and facilitate the formation
of twins51. When free <c>-type dislocations interact with the <a>-type
dislocations within the same grain, they may collectively form twins
through a classic “polemechanism”52. Therefore, the HCF deformation
behavior observed after the fracture failure of the 0.36O alloy was
characterized not only by multidirectional planar dislocation slip
(Fig. 5c, d) and the formation of numerous stacking faults (Fig. 5e, f)
but also by the distinct presence of nanotwins (Fig. 5g, h). This
observation contrasted with typical uniaxial tensile deformation,
where twin activity was significantly suppressed when the O content
exceeded 0.2wt%10,53. Furthermore, during HCF test, the cross-slip was
notably inhibited in the α phase, and the multidirectional the planar
slip was enhanced and caused by the anisotropic stress distribution of
the α phase under alternating stress. It was driven by the LRO-O
structure as shown in the twin and geometrical phase analysis (GPA)
images (Fig. 5i–l).Within theαphase, where the LRO-O structure in the
crack (Fig. 5i inset) was nearly present, the stress concentration
occurred in the regions containing the LRO-O structure post-fatigue,
whereas areas devoid of O exhibited lower stress levels (Fig. 5k).
Conversely, within the twins (Fig. 5m, n), the stress state in O-rich
regions was lower than that in O-depleted areas (Fig. 5o, p), which
indicated that the LRO-O structure maintained plastic deformation in
localized regions while ensuring high strength. This occurred because
the presence of the LRO-O structure effectively suppresseddislocation
cross-slip during cyclic loading, and further promoted a transition
from wavy to planar dislocation slip. This shift helped mitigate the
surface deformation and the propagation of microcracks in the alloy
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Fig. 5 | Deformation characteristics after HCF fracture of the 0.36O alloy.
a, b Dislocations of the <a>-, <c>- and <c + a>-types observed on the unbroken
sample after 107 cycles (σmax = 1050MPa, Nf = 107) in the SAED patterns using
g·b = 0. c, d Planar slipmorphology observed via TEM in the fracture failure sample
(σmax = 1200MPa, Nf = 1.77 × 106). e Stacking faults within the α phase observed in
the fracture failure sample (σmax = 1200MPa, Nf = 1.77 × 106) and the inset image
corresponding to its SAED pattern. f High resolution transmission electron
microscopy (HRTEM) image of stacking faults.gDark-field image of nanotwinswith
a twin angle of 65° on the fracture failure sample and inset image corresponding to
its SAEDpattern. hHRTEM image of nanotwins in image (g). iMicrostructure in the

crack edgewith the LRO-O structure confirmedby the inset SAEDpattern. The inset
low magnification image of the morphology on the left shows the crack. j HAADF-
STEM image of the α phase with the LRO-O structure in image (i). k Corresponding
GPAon the stress distributionof image (j). lMagnified image of the LRO-O region in
image (j).mNanotwins in0.36O alloy afterHCF fracture sample and its SAED in the
inset image. nHAADF-STEM image of the nanotwins. o Corresponding GPA for the
stress distribution of image (n). p Magnified image of the nanotwins and inner O
atoms. q Diagram of the LRO-O structure in (a) 0.36O alloy and its effect and
variation on fatigue failure.
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(Supplementary Fig. 5i–n). Moreover, the alternating distribution of
the stacking fault widths significantly increased the difficulty of con-
necting partial dislocations. Thus, the conditions needed for disloca-
tion cross-slip were impeded and crack initiation was blocked54. The
relatively coarse internal structure (Supplementary Fig. 1h, i) was
characterized by a disordered distribution and provided an increased
capacity for dislocation accommodation. This increased capacity was
effective in blunting crack tips and inhibiting crack propagation55.
Therefore, themicrostructure of the 0.36O alloy was characterized by
the LRO-O structure acting as a barrier and the interactions between
the fatigue cracks and the barrier significantly decelerated the crack
growth (Fig. 5q), thereby extending the fatigue life of the alloy.
Nevertheless, the morphological heterogeneity of αS lamellae in the
0.22O alloy induces localized strain incompatibility (Supplementary
Fig. 11), which severely impedes dislocation behavior due to the lack of
LRO-O structures, although it activates alternative deformation path-
ways, such as twinning and stacking faults, ultimately resulting in a
fatigue strength lower than that of the 0.36O alloy. Further, the
designed alloy of 0.36O with LRO-O structures in this study exhibited
excellent fatigue resistance and achieved superior strength-ductility
synergy. The design paradigm presented here is applicable to a broad
range of commercial Ti alloys, as well as high-entropy and Ni-based
alloys, and can be readily scaled up to enhance the fatigue perfor-
mance of large, complex structural components such as compressor
blades.

Methods
Sample preparation
The Ti-5Al-5Mo-5V-3Cr-xO (x =0.22wt% and 0.36wt%) alloy in this
studywas synthesized via powdermetallurgy approach from a powder
mixture prepared. The powders are hydride-dehydrided Ti powder
containing about 0.15wt% and 0.3wt%O, Al-Momaster alloy powders,
pure V, and pure Cr powders (Supplementary Fig. 12a). The prepara-
tion process, thermomechanical treatment, and microstructural
characteristics of the 0.22O and 0.36O alloys are discussed (Supple-
mentary Fig. 12b). After vacuum sintering (1250 °C), the ingots (30 kg)
underwent a three-stage thermomechanical process. The β-transition
temperature of 0.22O and 0.36O alloys are 945 ± 5 °C and 975 ± 5 °C,
respectively. First, the cogging was conducted in the β-phase region
with a 630-ton forging press. In the second stage, forging was per-
formed several times in the α + β phase region, followed by air cooling.
In the final stage, the alloy was rolled using a 550-ton horizontal bar
mill in the α + β phase region to obtain the alloy rods with a 16mm
diameter. Finally, the alloys were subjected to annealing at 550 °C for
one hour using a conventional muffle furnace, followed by air cooling.
In addition, the chemical composition of the 0.22O and 0.36O alloys
were determined to be 5.11/5.03Al, 5.08/5.12Mo, 5.05/4.98 V, 3.13/3.06
Cr, 0.22/0.36O, 0.08/0.09 Fe, and the balance Ti (wt%) using induc-
tively coupled plasma mass spectrometry and Fusion Master ONH836
oxygen/nitrogen/hydrogen elemental analyzer.

Mechanical tests
After heat treatment, the alloy billets were machined into smooth,
standard tensile and fatigue specimens using electrical discharge
machining. All specimenswere polishedusing SiC paper, with grit sizes
ranging from 400# to 2000#, and the polishing direction was aligned
parallel to the loading direction. To ensure the reliability of the
mechanical testing, aminimumof three tests were performed for each
processing condition. Tensile tests were performed on a tensile
machine (Zwick Roell Z100TWE) at ambient temperature under a
tensile rate of 0.5mm/min. The standard dimensions of the tensile
specimens had a gauge length of 30mm, a gauge section diameter of
5mm, a threaded end diameter of 10mm, and a total length of 64mm.
The schematic of the tensile sample is shown in Fig. 2a inset. These
specimenswere truncated fromthebarparallel to the rollingdirection.

The HCF tests were conducted at room temperature using an
electrohydraulic servo fatigue testing system (Zwick HFP 5100), with a
stress ratio R = 0.1 and a frequency of 30Hz. The tests were ended
when the fatigue life reached 107 cycles without specimen failure. The
specimens were 80mm in length and 5mm in gauge width and the
schematic of this sample was shown in Fig. 2d inset. Due to the strin-
gent surface roughness requirements for fatigue testing,minor surface
defects from machining were removed to ensure accuracy.

Microstructural characterization
SEM. The microstructure of the 0.22O and 0.36O alloys were exam-
ined using a SEM (Tescan Mira3).

SXRD. The SXRD experiments of 0.36O alloy was performed at
beamline ID31 of the European Synchrotron Radiation Facility. The
wavelength of the X-ray was 0.16520Å and the measured intensities
were collected using a Pilatus CdTe 2M detector (1679 × 1475 pixels,
172 × 172μm2 each). The distances from the sample to detector is
approximately 1.5m. The integration of the 2D XRD pattern was per-
formed with the software pyFAI, followed by image integration,
including flat-field, geometry, solid-angle, and polarization
corrections.

TEM and STEM. Transmission electron microscopy (TEM, FEI Tecnai
G2 F20) samples were mechanically thinned to 80μm, followed by
electropolishing in a solution of 6% perchloric acid, 34% n-butyl alco-
hol, and 60% methanol at −20 °C and 25 V. TEM observations were
carriedout at an accelerating voltageof 200 kV.Dark-field imageswere
captured under various diffraction vectors (g) in the dual-beammode.
The Burgers vector (b) of dislocations was determined45. High-angle
annular dark/bright field scanning transmission electron microscopy
(HAADF/HAABF-STEM) was performed at 300 kV using double-
aberration corrected microscopes for atomic resolution imaging (the
TEAM 0.5), resulting from the transmission electron aberration-
corrected microscope (TEAM, Titan Cubed Themis G2300). Drift cor-
rection was conducted with the methods developed by Ophus et al.56

to eliminate artifact from the beam scan jittering. FRWR tools were
used for the following GPA analysis. Averaged fast Fourier transforms
were used as the strain templates.

APT. The distribution of O at the atomic scale across the α/β phase
interface andwithin both phaseswas examinedusing APT (Cameca LEAP
4000HR). SpecificAPTsamples fromthe targeted regionswithin the two
phaseswerepreparedusing a focused ionbeam(FIB,HeliosG4PFIB) and
dual-beam SEM (FEI Helios Nanolab 600i). Needle-shaped APT samples
were fabricated following the conventional lift-out technique using
annular milling in dual-beam FIB instruments, either FEI Scios or FEI
Helios 600i, as described in ref. 57. APT characterization was conducted
using the local electrode atom probes LEAP 4000X HR and 5000XR
(Cameca Instruments). The sampleswere analyzed in both voltagemode
(pulse repetition rate of 200kHz and pulse fraction of 0.2) and laser
mode (pulse repetition rate of 250kHz and pulse energy of 50pJ). The
specimen base temperature was maintained at 50K, and the ion collec-
tion rate was set at either 0.5% or 1% per pulse. Three-dimensional
reconstructions and data analysis were performed using the Interactive
Visualization and Analysis Software (IVAS™), versions 3.6.14 and 3.8.

In-situ EBSD test. An in-situ tensile test was conducted using a tensile
stage equippedwith a 2 kN load cellwithin a SEM (JEOL6100) featuring
an AZtecHKL EBSD (EDAX Hikari Plus) system. The test employed a
dog bone-shaped specimenwith a thickness of 0.6mm, a gauge length
of 2mm, and a gauge width of 1.8mm. Both specimen faces were
ground to a 4000-grit using SiC paper. Next, ion milling technology
was used for surface treatment of the samples. This technique utilized
an Ar ion beam to sputter the material’s surface, effectively avoided
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mechanical damage to the sample, and yielded high-quality samples
with smooth surfaces. The ion milling process was conducted using a
LeicaEMTIC3X system,with theAr ionbeamenergy set to 5 kV, a beam
current of 1.5mA, and a beam incidence angle of 6°. The milling
duration was controlled at 60min. The specimen was subjected to
incremental loading at a displacement rate of 0.02mm/min, and
crosshead displacement was monitored via a linear variable differ-
ential transformer position transducer. To capture surface character-
istics at specific deformation stages, the loading was paused at
predetermined stress values, and crystallographic orientations were
analyzed at each stopusing EBSD. The SEM instrumentwasoperated at
25 kV with a probe current of approximately 5 nA. Kikuchi diffraction
patternswere recordedwith 5 × 5binning (128 × 96pixels) and indexed
using a standard Hough-transform-based automated procedure at a
rate of 200 points per second. A step size of 0.4μm was used for
scanning, and each step needed approximately 60min to complete.
The acquired EBSD data were post-processed using AztecCrystal
software.

In-situ TEM tensile test. The specimens were further reduced to a
thickness of approximately 100μmby gentle polishing using high grit
emery paper. One end of each rectangular specimen was electro-
chemically polished to a thickness of 5–10μm. Submicron sized pillars
with dog-bone shapes were then fabricated using FIB machining fol-
lowing the procedure adopted by Liu et al.58. Extreme care was exer-
cised to mitigate the damage due to gallium ions. The in-situ tensile
test was conducted using a Hysitron PicoIndenter (PI95) within a Field
Emission Gun (FEG) JEOL 2100F transmission electron microscopy
(TEM) operating at 200 keV.

Data availability
All the data supporting the results and findings of this study are pro-
vided in the paper and the Supplementary Materials. Source data are
provided with this paper.
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