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Developing next-generation hypersonic vehicles necessitates structural
materials capable of withstanding extreme thermal gradients. However, con-

ventional alloys usually sacrifice room-temperature plasticity for break-
throughs in high-temperature strength. Here, we report a (WTaV)9oB1o
refractory medium-entropy alloy (RMEA) that overcomes this trade-off,
showing decent plasticity of -6% at ambient temperature, high yield strength
of 650 MPa at 1873 K and 242 MPa at 2073 K, and excellent thermal stability up
to ~0.7 Trn. The RMEA comprises a BCC metallic solid solution and a boride
phase. Interfacial segregation of boron atoms generates gradient-ordering
phase boundaries (GOPBs), enhancing stress transfer and plastic compat-
ibility. Strong interfacial bonding of GOPBs and the inherent stability of the
dual-phase structure further enable remarkable resistance to ultrahigh-
temperature softening. At 2073 K, GOPBs evolve into fully coherent interfaces,
ensuring exceptional thermal stability at ~0.7 T,,,. This work demonstrates a
gradient-ordering strategy for achieving strength-plasticity synergy from
ambient to ultrahigh temperatures.

Hypersonic vehicles with flight speeds above Mach 5 enable ultrafast
transcontinental flights and rapid space access, showing great potential
in space exploration, aerospace transportation, and military defense'.
Next-generation hypersonic vehicles, aiming at much higher Mach
numbers and more reliable reusability, rely on aerothermal heating for
hypersonic flight, enduring harsh service conditions under the coupling
impacts of large heat fluxes and severe vibration’. These extreme
environments require vehicle materials capable of withstanding dra-
matic thermal gradients (from ambient to ultrahigh temperatures) and
huge stagnation pressures (up to tens of megapascals). Therefore,

advanced materials with excellent high-temperature strength and
thermal stability are critical for hot-end structures in hypersonic appli-
cations, such as engine combustors, nose tips, and leading edges®*. In
the past decades, Nb-based, Mo-based, and W-based alloys have been
widely used as hot-end structure materials due to their high melting
temperatures (7,) and excellent mechanical properties*’. However,
they often suffer from element diffusion-controlled coarsening or
phase dissolution-induced softening at 0.56-0.7T,;,°, limiting their ser-
vice temperatures below 1800 K. Refractory high-/medium-entropy
alloys (RH/MEAs) with single body-centered cubic (BCC) structure have
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emerged as promising candidates for ultrahigh-temperature environ-
ments, due to their remarkable softening resistance and outstanding
thermal stability®®. The well-established NbMoTaW and NbMoTaWV
alloys exhibit superior compressive yield strengths of 405 and 479 MPa
at 1873 K, respectively, but suffer from severe embrittlement at ambient
temperature’ ™. Efforts to enhance their room-temperature plasticity
through alloying with metallic elements (e.g., Ti, Zr, Re) can lead to a
compensatory reduction in high-temperature yield strength®™, The
entrenched strength-plasticity trade-off with severe temperature
dependence hinders further improvement in the yield strength at
temperatures above 1873 K. Thus, there remains a critical demand to
achieve excellent strength-plasticity synergy from ambient to ultrahigh
temperatures, which helps promote the practical application of RH/
MEAs at extreme temperatures.

A potential approach for improving the room-temperature plas-
ticity without sacrificing the softening resistance is introducing non-
metallic elements (e.g., C, N, Si) into RH/MEAs to construct a BCC-
ceramic heterostructure™ . For instance, compared to the NboMoTaW
RHEA, a dual-phase RegsMoNbW(TaC)q s alloy comprising BCC solid
solution and carbide exhibited an increased yield strength from 500 to
900 MPa at 1473 K, owing to the synergistic effects of hard and soft
lamellar structure®. Nonetheless, the ceramic-reinforcement approach
also presents several inherent limitations. One drawback is that the
high fraction and large size of ceramic phases increase the cracking
sensitivity, resulting in room-temperature embrittlement'®**”,
Besides, the in-situ formed ceramic phases with complex composition
are usually metastable at ultrahigh temperatures, leading to unavoid-
able phase transformation or structural coarsening as temperature
rises to -~0.6T,, which impairs the ultrahigh-temperature
applications®?. Therefore, refining ceramic phases and simulta-
neously enhancing their thermal stability is crucial for achieving
superior mechanical performance across a wide temperature range. It
was found that the boron addition-induced preferential segregation at
interfaces provides multiple benefits, including improved room-
temperature plasticity by mitigating oxide accumulation at grain
boundaries®* (GBs), reinforced high-temperature performance by
strengthening phase boundary (PB) cohesion®, and enhanced thermal
stability by modifying interfacial ordering?”. These findings highlight
the significance of addressing interfacial issues, such as strain incom-
patibility and weak bonding, to simultaneously improve ambient
plasticity, high-temperature strength, and thermal stability. However,
the influence of interface modification on the mechanical performance
of ceramic-reinforced RH/MEAs toward ultrahigh-temperature appli-
cations has been rarely investigated. Moreover, introducing B to the in-
situ form ceramic phase is generally deemed ineffective for improving
the strength above 1473 K, as borides exhibit lower melting tempera-
tures compared to carbides or nitrides. These dilemmas underscore
the necessity of developing novel ceramic-reinforced RH/MEAs with
excellent ultrahigh-temperature performance and considerable room-
temperature plasticity, which remain significant challenges.

Here, our work presents a dual-phase (WTaV)goB;o RMEA com-
prising a BCC metallic solid solution and a boride ceramic phase. This
RMEA vyields an excellent strength-plasticity synergy from ambient
temperature to ultrahigh temperature of 2073K and concurrently
achieves remarkable thermal stability up to -0.7T,,,. The integration of
a ceramic-reinforced heterostructure with boron segregation-induced
interfacial ordering fosters the development of gradient-ordering
phase boundaries (GOPBs). The semi-coherent GOPBs operate as a
strain mediator and enable dislocations to slide from the soft solid
solution to the hard boride, not only effectively alleviating stress
concentration at interfaces, but also improving the ability to strain
accommodation. Moreover, the ordered B-rich clusters at GOPBs
strengthen the interfacial cohesion, thereby overcoming the
strength-plasticity trade-off across a wide temperature range, where
inherent in previously developed ceramic-reinforced RHEAs.

Results

Microstructure evolution and mechanical properties

The microstructural evolution of as-cast (WTaV)00-xBx (x=0, 5,10, 15,
and 20 at.%) RMEAs with varying B contents (denoted as By, Bs, Bo, Bs,
and B,o) was systematically investigated using X-ray diffraction (XRD),
scanning electron microscope (SEM), and electron back-scattering
diffraction (EBSD) analyses (Supplementary Figs. 1 and 2). The B
RMEA exhibits a single BCC structure, and the addition of B induced
the formation of a boride phase, accompanied by a remarkable
decrease in the intensity of the BCC diffraction peaks. The SEM and
EBSD results are consistent with the XRD patterns. The Bo RMEA
exhibits a dendrite morphology, and the dendritic and interdendrite
regions are both confirmed as the BCC phase by EBSD analysis. The Bs
RMEA shows a dual-phase microstructure with the interdendrite
region transforming into a boride phase. As the B content increases to
10 at.%, the interdendrite boride phase forms interwoven BCC-boride
lamella plates. Higher B content (Bis) leads to more lamellar pre-
cipitation. Further addition of B inhibits the formation of large BCC
dendrites, which significantly refines the microstructure of Bo RMEA.
As shown in Supplementary Fig. 3a, the variation in the volume frac-
tions of BCC and boride phases for B, RMEAs was derived from the
EBSD results. These results reveal the phase competition between the
BCC and boride phases with increasing B content, which restrains the
grain coarsening, particularly in the BCC phase (Supplementary
Fig. 3b). Despite the high boride content, the BCC phase remains
dominant in the B,o RMEA (Supplementary Table 1).

The compressive engineering stress-strain curves of B, RMEAs at
ambient temperature are presented in Fig. 1a. The yield strength
increases significantly from 1330 to 3010 MPa as the B content rises
from O to 20 at.% (Supplementary Table 2). However, the increase in
yield strength is accompanied by a continuous decrease in plastic
strain. The B;o RMEA achieves an excellent balance, exhibiting a high
yield strength of 2160 MPa and a substantial plastic strain of ~6%. The
Bio RMEA exhibits nearly double the strength of the By alloy, with a
modest reduction in plasticity, demonstrating a strength-plasticity
synergy at room temperature (Supplementary Note 1 and Supple-
mentary Fig. 4). Besides, the B;o RMEA also exhibits excellent resis-
tance to softening at elevated temperatures. It maintains a high yield
strength of 1125MPa at 1473 K and 650 MPa at 1873 K, as shown in
Fig. 1b and Supplementary Table 3. Notably, it retains a yield strength
of 242 MPa at 2073 K. Furthermore, it also presents excellent ultimate
strength with values of 1790, 790, and 436 MPa at 1473, 1873, and
2073 K, respectively, without fracture at strains up to 30%. Compara-
tive analyses reveal that the B;o RMEA presents not only superior yield
strength but also excellent resistance to softening across a wide tem-
perature than the existing RH/MEAs”**7°, RHEAs doping with non-
metallic elements®* (C, B), RHEAs reinforced with ceramic phases'®**?,
refractory alloys® (RAs), and carbide-reinforced RAs** (Fig. 1c-e, Sup-
plementary Figs. 4-7, Supplementary Table 4, and Supplementary
Note 1). Specifically, Fig. 1d highlights the enhancement provided by
the boride phase to the B;o RMEA, considering that the melting points
of carbide and nitride ceramic phases are generally much higher than
those of borides. Yielding with superior strength at similar homo-
logous temperatures (7/T,, where T, was estimated using the rule-of-
mixture method® and verified by experiments in Supplementary
Note 2, Supplementary Figs. 8, 9, Supplementary Movies 1, 2, and
Supplementary Table 5), the B;o RMEA demonstrates a higher oper-
ating temperature and enhanced safety than other materials. Given the
importance of density in aerospace structural applications, the B;g
RMEA also exhibits an excellent combination of specific yield strength
at 1873 K and plastic strain at ambient temperature (Fig. 1e). Notably,
B;o RMEA shows negligible size effect on the yield strength and plastic
strain over a wide temperature range (Supplementary Fig. 10 and
Supplementary Note 1). Although room-temperature ductility is still
challenging for B;o RMEA (Supplementary Fig. 11), the compressive
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Fig. 1| Mechanical properties of the B, RMEAs. Stress-strain curves at a 298 K
and b elevated temperatures. Yield strength evolution along with the increasing
c test temperature (7) and d homologous temperature (7/T,,, with the melting
temperature T, estimated using the rule-of-mixture method). e Specific yield
strength at 1873 K versus room-temperature plasticity. In image e, GOPB-RMEA,
RH/MEAs, RHEAs doping C/B, RAs, and carbide-reinforced RAs represent refractory
medium-entropy alloy with gradient-ordering phase boundary ((WTaV)eoByo in this

Homologous temperature (7/T,)

work), refractory high-/medium-entropy alloys, refractory high-entropy alloys
doping with C/B elements, refractory alloys, and carbide-reinforced refractory
alloys, respectively, which have published the mechanical properties at both room
temperature and 1873 K. Detailed information on the mechanical properties in
image c-e is listed in Supplementary Table 4. Error bars in b-e represent the
standard deviation derived from three independent experiments. Source data are
provided as a Source Data file.

strength-plasticity trade-off from ambient to ultrahigh temperatures
has been effectively overcome.

Gradient-ordering phase boundaries

The microstructure of the interdendrite region of B, RMEA was ana-
lyzed by the dark-field transmission electron microscope (TEM),
showing the alternating BCC and boride morphology (Fig. 2a). Selec-
ted area electron diffraction (SAED) analysis reveals that the BCC phase
is a chemical-disordered solid solution, while the boride is an M3B,
(M=Ta, V, W) type tetragonal phase (Fig. 2b, c). The high-resolution
TEM (HRTEM) image in Fig. 2d shows a semi-coherent PB with a cal-
culated lattice mismatch of 0.08 between the M3B, and BCC phases.
Fast Fourier transformation (FFT) images of the yellow and blue areas
(Fig. 2e, f) further confirm the presence of the M3B, and BCC phases.
Moreover, a distinctive ordered structure, as indicated by its (100)
superlattice spots in the FFT image (Fig. 2g), with severe lattice dis-
tortion (Fig. 2h), is observed at the phase interface. In contrast, no
superlattice diffraction is observed in the Bo RMEA (Supplementary
Fig. 12), suggesting that the ordered structure originates from the
boride phase. The as-cast microstructure of B;s and B,o RMEAs was
also analyzed by TEM (Supplementary Figs. 13 and 14), exhibiting a
combination of BCC solid solution and MB (M =Ta, V, W) boride phase.
The FFT and inverse FFT (IFFT) analyses indicate the formation of a
conventional semi-coherent PB without additional superlattice dif-
fraction or severe lattice distortion in B;s and B,o RMEAs. These
observations preliminarily suggest that the excellent mechanical
properties of the B;o RMEA are likely attributed to the unique ordered
structure at the BCC-M;B, PBs. To further investigate the configuration
of the ordered structure, the atomic-scale elemental distribution at the
PB in the B;o RMEA was analyzed by the atom probe tomography (APT)
technique. The three-dimensional reconstructed maps in Fig. 2i show a
relatively uniform distribution of metallic elements on the BCC side of

PB. Figure 2j presents the composition profile along with the red arrow
in Fig. 2i, revealing a high concentration of B with a slight increase of V
near the PB, while W and Ta are uniformly distributed. The three-
dimensional reconstruction with a 0.09/nm*-B iso-surface threshold
in Fig. 2k clarifies that the B-rich clusters appear near the PB, while
almost no cluster is observed within the BCC phase. These observa-
tions and analyses unravel the origin of the ordered structure in Fig. 2g
from B-rich clusters, which aligns with the capability of B atoms to
preferentially segregate at the interface and modulate the interfacial
ordering’®”. The elemental reconstruction on the MsB, phase side of
PB exhibits a uniform distribution of B atoms (Fig. 2I, m). Besides,
compared to the fully random configuration, a more localized dis-
tribution of B atoms is found in the M;B, phase (Supplementary
Fig. 15), which evidences the ordered configuration®. These char-
acteristics indicate that the M;B, boride may adopt a V3B,-type D5,
structure with specific atomic occupation sites for B atoms (4g,
Wyckoff position**%). Based on the above analyses, the B segregation-
originated GOPB is observed, involving ordered B in the M3B, boride
phase, ordered B clusters around the PB, and disordered interstitial B
atoms within the BCC phase, as illustrated by the schematic diagram in
Fig. 2n. Moreover, the volume fraction of GOPBs is estimated as
0.14-0.35% within a layer of 2-5nm near the PBs (Supplementary
Fig. 16 and Supplementary Note 3).

Deformation behaviors at ambient and ultrahigh temperatures
Fracture surface and cross-sectional morphology of the B, RMEAs
after room-temperature compression were analyzed by SEM (Sup-
plementary Figs. 17 and 18). All B, RMEAs exhibit transgranular
fracture, characterized by arrays of cleavage steps and various river
patterns, and cracks preferentially initiate in the boride phase at the
interdendrite region, indicating that the boride phase cannot
improve intrinsic plasticization. The contribution of the boride
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n Schematic diagram of the GOPB, including ordered B occupation in boride,
ordered B clusters near the PB, and completely disordered interstitial B atoms
inside the BCC phase. The yellow and purple balls represent boron atoms and
randomly distributed metal atoms (W, Ta, and V), respectively. Source data are
provided as a Source Data file.

phase to the mechanical properties of B, RMEAs can be considered
in two aspects: (i) dual-phase heterogeneity and (ii) gradient-
ordering configuration of the PBs. For the first aspect, the effect of
the M;B, phase on the mechanical properties is primarily driven by
dual-phase heterogeneity. The hardness of M;B, is approximately
three times higher than that of the BCC phase (Supplementary
Fig.19a, b). This pronounced heterogeneity indicates that the boride
phase requires significantly higher stress to activate dislocation slip
for plastic deformation'®, whereas only smaller stress is needed for a
similar process in the BCC phase, as evidenced by the earlier pop-in
behavior observed in the BCC phase (Supplementary Fig. 19c).
During deformation, the hard M;B, phase can generate back stress
and constrain the plastic flow in the softer BCC phase, contributing
to high yield strength and substantial plasticity by preventing strain
incompatibility®**°. The cumulative distribution of nanoindentation
hardness (H) for the B, RMEAs further demonstrates the enhanced
heterogeneity by increasing boride fraction (Supplementary
Fig. 19d). However, alloying 20 at.% B leads to both an increased
boride fraction and size, which impairs cracking tolerance, resulting
in rapid fracture for the B,o RMEA.

For the second aspect, the contribution of GOPBs during plastic
deformation depends on their influence on crack propagation beha-
vior. While massive short cracks are observed in B;o RMEA, many of
them are blunted by the GOPBs. Besides, fine and dense BCC-boride
lamellar at the interdendrite can promote crack deflection, thereby
suppressing the rapid propagation of cracks. Although cracks can also
be deflected by the fine lamellar and blunted by PBs in B;s RMEA, some
of them cleave the BCC dendrites or propagate along the PBs. Given
the higher ultimate compressive strength of B;o RMEA than B;s RMEA
(Fig. 1a), GOPBs are crucial for enhancing interfacial bonding strength
in B;o RMEA. This strong bonding inhibits the cleavage of BCC den-
drites and impedes crack propagation along PBs, thus suppressing
rapid fracture during plastic deformation. Consequently, the decent
plasticity of B;o RMEA originates from: (i) the high-fraction BCC phase
primarily accommodates plastic deformation; (ii) fine BCC-boride
lamellar at the interdendrite region improves plasticity by deflecting
cracks; and (iii) GOPBs restrain cleavage cracking in BCC dendrites and
mitigate rapid fracture along PBs.

It is widely accepted that the ordered structure not only serves as
a strong short-range obstacle to dislocations for increasing strength,
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but also promotes dislocation coplanar slip for enhancing plasticity’.
To understand the specific contribution of GOPBs in plastic defor-
mation at room temperature, we characterized the dislocation con-
figuration and local stress distribution in the pre-strained B;, RMEA
(Fig. 3). In the Byg alloy with 2% strain, dislocations are observed within
the BCC phase, the M3B, phase, and around the GOPBs (Fig. 3a-c),
indicating the synergistic deformation of the boride phase and the
BCC matrix. The activation of multiple slip systems in the BCC phase
facilitates the intersection and entanglement of dislocations, thus
promoting dislocation cross-slip and forest strengthening, which is
crucial for enhancing the strain-hardening effect. Specifically, both
interstitial B-induced chemical fluctuations and B-ordered clusters
serve as pinning points for dislocation sliding*~*>. When strained to 6%,
pronounced dislocation entanglements are observed both within the
BCC phase and around the GOPBs in the B;o RMEA (Fig. 3d-f). Notably,
the GOPBs not only contribute to the intersection and multiplication of
dislocations within the BCC phase but also facilitate dislocations slid-
ing into the M3B, phase. This demonstrates the mediator role of GOPBs
in stress transfer, which promotes compatible deformation. EBSD
results reveal that the B¢ specimen with 6% deformation is composed
of BCC and M3B; phases with essentially unchanged volume fraction
(Supplementary Fig. 20a). Kernel average misorientation (KAM) ana-
lysis presents a higher dislocation density in the BCC phase compared
to the M3B, phase (Supplementary Fig. 20b, c). The larger KAM values
in the BCC matrix suggest that the relatively softer BCC phase

BCG [111]

5 1/nm

BCC

Fig. 3 | GOPB-mediated plasticity in B;o RMEA at ambient temperature. Dis-
location configurations as strained of a-c¢ 2% and d-f 6%. The yellow triangles in
image a indicate the jogs that are left by cross-slip dislocations. The inset in image
d shows the SAED pattern of the BCC phase, and the pink triangles point out
different planar dislocations. g KAM map and h misorientation distribution along

contributes more to plastic deformation. Specifically, the accumula-
tion of geometrically necessary dislocations (GNDs) around the PBs
leads to the formation of a cellular-distributed misorientation within
the BCC dendrites (Fig. 3g, h). This indicates that the GOPBs can
accommodate more concentrated GNDs to facilitate strain compat-
ibility, thus enhancing the plasticity of the alloy. Severe lattice distor-
tion is found around the GOPBs by geometric phase analysis**, while
moderate and slight lattice distortions are observed within the BCC
and M;B, phases, respectively (Fig. 3i-1). These findings further con-
firm the significant role of GOPBs in the plastic deformation of the
B,o RMEA.

After compression at 1873 and 2073 K, the B;o RMEA remains its
dual-phase structure, comprising a BCC solid solution and the M3B,
boride phase (Supplementary Fig. 21a, b). The minimal variations in
phase fraction indicate that no significant phase transformations
occurred under these ultrahigh-temperature compression tests (Sup-
plementary Fig. 21c), confirming the excellent phase stability of the By
RMEA. Moreover, we observed extremely sluggish coarsening after
ultrahigh-temperature compression, as shown in Supplementary
Fig. 21d. Compared to the as-cast sample, the B;; RMEA deformed at
2073 K retains a uniform size distribution with negligible coarsening,
demonstrating excellent thermal stability. In contrast, the previously
reported RH/MEAs and ceramic-reinforced RH/MEAs typically
underwent phase transformations, rapid structural coarsening, or
recrystallization during compression at elevated temperatures”*>*,

>0
S

o
©

Misorientation (dég.)
o o
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the white arrow in image g reveal the accumulation of high-density GNDs at GOPBs.
HRTEM image with corresponding lattice strain distribution i and j at the GOPB and
k and 1 within the BCC phase in the 6% strained specimen. Source data are provided
as a Source Data file.
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However, the B;o RMEA exhibits exceptional resistance to thermally
driven softening and coarsening, even at temperatures approaching
~0.7T,. This remarkable thermal stability suggests that the B;o RMEA is
particularly suitable for ultrahigh-temperature applications. Further
EBSD and TEM analyses provide insights into the underlying
mechanisms for the ultrahigh-temperature softening resistance of the
B1o RMEA. Planar dislocations are observed in both the BCC and boride
phases in the B, RMEA compressed at 1873 K (Supplementary
Fig. 22a-d). Particularly, a few dislocations are mediated across the
GOPBs from the BCC phase to the Ms;B, phase, resembling the
mechanism of borrowed dislocations*. Besides, the element dis-
tribution map in Supplementary Fig. 22e reveals the formation of
V-rich PB after compression at 1873 K, which is likely responsible for
the occurrence of PB-mediated dislocations. At 2073 K, additional
activated slip systems facilitate the dislocation entanglement in the
BCC phase, which enables a strong dynamic Hall-Petch effect (Fig. 4a)

to resist rapid softening during the latter stages of deformation®.
Arrays of planar dislocations intersect, forming immovable jogs and
multiplicative dislocation loops (Fig. 4b and c). This cross-slip behavior
can be promoted by interstitial B atoms*®, which significantly con-
tributes to the high dislocation density in the BCC phase. Planar dis-
locations are also found in the M3B, phase (Fig. 4d), and -47% of them
are identified as edge dislocations by g-b analysis. This indicates that
the boride phase possesses a certain degree of plastic deformation
capability at 2073 K without undergoing excessive softening that could
affect structural stability***°. Dislocation cross-slip is also observed at
the PBs (Fig. 4e). EDS and HRTEM analyses reveal the V-B enrichment
at the PBs, transforming the interface from semi-coherent to fully
coherent after deformation at 2073 K (Fig. 4f-i). The negligible lattice
mismatch inhibits the long-range diffusion of atoms across PBs, thus
preventing phase transformation and the associated structural
coarsening.

- 5
b= +1/2[111]/100 nm

~ BcC[113]

v

5 1/nm

M,B, [111] &
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Fig. 4 | Microstructure evolution of B;o RMEA after deformation at 2073 K. a-c
Dynamic Hall-Petch effect and forest dislocation strengthening in the BCC phase.
The inset in image a shows the EBSD pattern of the BCC phase. White lines and

yellow triangles in image c indicate jogs and loops, respectively. d Both screw and
edge dislocations exist in the M;B; phase. e and f Dislocation cross-slip near the V-B
rich PB. g-i V-B segregation induces the transformation of PBs from semi-coherent

m_| BCC [T13)//M,B, [111]

S 1nm AN B2 20 i

> OYNEBE220)
SN 5A220
to fully-coherent. The upper-right and lower-left insets in image g show the FFT
patterns for the BCC and M;B, phases, respectively. Image h is an FFT image cor-
responding to image g. Image i is the IFFT image from the orange square in image

g, where the inset shows the corresponding FFT image for the parallel orientation
BCC(110)//M3B,(220). Source data are provided as a Source Data file.
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Long-term thermal stability of gradient-ordering phase
boundaries

Annealing experiments were performed on B;, RMEA at 1873 and
2073 K for 5 h to reveal the long-term thermal stability of GOPBs. The
annealing treatments induce negligible change in phase composition,
fraction, and size of dual phases, and room-temperature yield strength
with plastic strain as compared to the as-cast alloy (Supplementary
Fig. 23), demonstrating excellent thermal stability of B;o RMEA after
long-term annealing up to -0.7T, (2073K). Further TEM analyses
confirm the persistence of the BCC-M;B, dual-phase architecture after
annealing at 1873 and 2073 K (Supplementary Fig. 24). Besides, both
the HAADF images and element mappings reveal a V-segregated PBs
with a width of 2-3 nm, which is analogous with the PBs after com-
pression at 1873 and 2073 K (Fig. 4f and Supplementary Fig. 22e).
Crucially, the superlattice spots indicative of the interfacial ordered
structure are also found around PBs but absent in regions distant from
the interface (Supplementary Figs. 25, 26), directly verifying the ther-
mal stability of GOPBs in B;o RMEA up to 2073 K. Notably, the volume
fraction of the ordered region decreases concurrently with the pro-
nounced element segregation upon annealing. This evolution strongly
suggests that the superlattice spots originate from chemical short-
range ordering of B atoms (evidenced by B clusters in Fig. 2k) rather
than their long-range periodic ordering occupation within the crystal
lattice. Therefore, the thermal stability of GOPBs is independent of
stress, heat, or their coupling effect (Supplementary Figs. 20, 21, 23),
which certifies the advantage of the element-segregation-induced
interfacial ordering strategy.

Discussion

The above results demonstrate that the B;o RMEA exhibits an admir-
able combination of large room-temperature plasticity, superior
ultrahigh-temperature strength, and exceptional phase and thermal
stability up to -0.7T,, which is attributed to the unique gradient-
ordering structure. The formation of GOPBs in the B;o RMEA can be
primarily attributed to both thermodynamic and kinetic factors: (i) the
segregation tendency of B at the PBs and (ii) the incomplete diffusion
of B at the phase front during solidification. Previous studies have
demonstrated that B addition significantly influences the interfacial
ordering through B segregation®®”. To investigate the segregation
tendency of B, we examined the segregation energy (E;) using density
functional theory (DFT) calculations. For B;o RMEA, the BCC phase was
represented by W,sTas,Vig, and the tetragonal M3;B, boride phase was
defined according to its composition and crystal structure (P4/mbm,
a=b=6.184A, c=3284A, a=B=y=90°). The constructed atomic
models were depicted in Fig. 5a-i, corresponding to the Supplemen-
tary Data 1-9, wherein the used elemental contents were provided in
Supplementary Table 6. The segregation tendency of B at the PB was
investigated by calculating the segregation energy E, as follows® >

Ey=(Epg — Epg) — (B — Epui) @

where EB; and Epg represent the total energies of the interface models
with and without the B atoms at the PB, respectively. Similarly, E Eu,k
and £, denote the total energies of the interface models with and
without the B element within the BCC phase, respectively. Therefore, a
negative E, value indicates that the segregation of the B element
toward the PB is energetically favored™. As shown in Fig. 5j, the seg-
regation energy £, The B element at the PB is negative and more
negative than that at the GB of NbMoTaW alloy* (-4 eV), indicating a
strong segregation tendency of B toward the PB. This leads to the
formation of B-rich clusters between the BCC and M;B, phases.
Detailed FFT analysis reveals no extra diffraction spots at the PB of
the Bys and B,o RMEAs (Supplementary Figs. 13, 14), suggesting the
absence of B-ordered clusters between the BCC and MB phases. This
discrepancy possibly arises from that the B, RMEAs have undergone

different solidification processes with the increase of B content (Sup-
plementary Fig. 27). The equilibrium phase diagrams show that Bs and
Bio RMEAs experienced a solid-state phase transformation
(BCC+MB — M;B,), whereas no additional phase transformation
occurred after the disappearance of the liquid phase in Bys and B;o
RMEAs. The formation of M3B, requires a volume reduction of the BCC
phase, which leads to the migration of PBs toward the interior of the
BCC phase. Diffusion-mediated interface migration is insufficient at
the front of the transformed phases during non-equilibrium solidifi-
cation, thus leaving B-rich clusters near the PBs. Typically, it usually
shows a strong orientation relationship when ceramic phases in-situ
precipitate from the BCC solid solution. However, the B, RMEA
exhibits a monotonic orientation relationship, whereas the B,o RMEA
shows a distribution of diverse orientation relationships (Supplemen-
tary Fig. 28). This diversity suggests that adjusting the B content to
enable the alloy to undergo solid-state phase transformation during
solidification can promote the formation of GOPBs. Notably, although
arc melting typically induces non-equilibrium solidification under
rapid cooling, solid-state phase transformation (BCC+MB - M;B,)
indeed occurs due to the undetectable MB phase in the as-cast Byg
RMEA (Fig. 2a) and sufficiently slow cooling rate at later-stage solidi-
fication (Supplementary Fig. 29). Furthermore, the completion of
solid-state phase transformation was further evidenced by the sta-
tionary PBs during in-situ annealing and the unchanged micro-
structure after long-term annealing at ultrahigh temperatures
(Supplementary Figs. 30, 23, and Supplementary Note 4).

Here, we quantitatively evaluate the significance of GOPBs to the
yield strength (o,) of By RMEA by calculating the individual
contributions®™ from solid solution strengthening (do + 0ss), grain
boundary strengthening (og,), precipitation strengthening (op), dis-
location strengthening (04), and interstitial strengthening (o;s). The PB-
contributed strength (Aopg) was defined as the difference between the
yield strength and the summation of the strength from other indivi-
dual contributions (Supplementary Note 5 and Supplementary
Table 7). The calculation results reveal that the multi-principal com-
position (0 + 0ss) primarily determines the superior yield strength o,
of B;o RMEA at both ambient and elevated temperatures. Additionally,
Aopg contributes ~32% to o, at ambient temperature and retains -23% at
1873 K, highlighting the significance of PB strengthening in B, RMEA.

The strength contribution of GOPBs originates from their intrinsic
bonding characteristics. To evaluate the effects of the B element on the
binding strength between BCC and M;B, phases, the binding energy
(Ey,) was calculated as follows™:

Eyo=(Epg — Epg) — (ERs — Egs) )

where EE and E represent the total energies of the fracture models
with and without the B element at the PB, respectively. The value of E,
can be regarded as the energy penalty required for the PB to fracture
into two free surfaces”. The obtained negative £, shown in Fig. 5k
manifests that B segregation at the PB is conducive to PB strengthen-
ing. Moreover, the negative values of E,, are almost proportional to the
B content at PB, indicating that the formation of B-enriched clusters
can effectively improve the PB binding strength. Therefore, the
favorable segregation of B at the PB promotes the formation of
B-rich clusters, while the increased B content enhances the PB binding
strength. To further understand the PB strengthening mechanism
affected by B segregation, the B-B interaction at the PB (one B atom is
located at the PB while another B atom belongs to the M;B, phase) was
investigated by analyzing the partial density of states (PDOS) and two-
dimensional electron density difference (Fig. 51, m). The PDOS analysis
shows significant overlap of the s and p electronic orbitals for both B
atoms, indicating a strong bonding interaction. Besides, the two-
dimensional electron density difference reveals a strong interaction
between the two B atoms at the PB and the boride, as shown by the
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Fig. 5| Contribution of the GOPBs in B,o RMEA. a-i Atomistic configurations with
the orientation relationship of (200)gcc W4sTa34V18//(001)tetragonal M3Bo. a—¢
illustrates the interface models with a and b one interstitial B atom (1-B) and ¢ two
interstitial B atoms (2-B) located at PB. d-f illustrates the interface models with

d and e 1-B and f 2-B within the BCC phase. g-i illustrates the PB-cracked interface
models with gand h1-B and i 2-B located at the BCC surface. The interstitial Batoms
with a small diameter are highlighted by the red arrows. j Segregation energy (£s)
and k binding energies (£,) obtained from a series of atomistic models with 1-B and
2-B at PB.1PDOS of the interstitial B atoms at PB and the B atoms in Ta3B,, which are
bonding with the interstitial B atoms at PB. The energy of zero indicates the Fermi

Qe ()4 (e-A-3)

Energy (eV)

level (£r). m Two-dimensional electron density difference between the interstitial B
atom at PB with the B and Ta atoms in Ta3B,. Red and blue represent the depletion
and accumulation of electrons, respectively, with the unit of e A=, n d-PDOS of the
metal atoms when neighboring with the interstitial B atoms that are located at PB or
within the BCC bulk. The energy of zero indicates the Fermi level (E¢). The black and
red dotted lines highlight the positions of the d-band center of the metal neighbors
when the interstitial B atom is located at PB and within the BCC bulk, respectively.
Atomistic configurations for electronic structure calculations have been supplied

as Supplementary Data 1-9. Source data are provided as a Source Data file.

charge accumulation area in Fig. 5n, confirming a covalent bonding
characteristic. This special B-B covalent bonding may account for the
improved PB binding strength due to B segregation. Moreover, Fig. 5n
shows a more localized d-PDOS curve with the d-band center closer to
the Fermi level (Er) when the interstitial B atoms are situated at the PB,
compared to their position within the BCC phase. This demonstrates a
stronger metallic bonding between B with metal atoms as the B
element segregates at the PB*, contributing to not only the interfacial
bonding strength but also the plastic deformability. Consequently,
both the covalent bonding characteristic of B-B and the enhanced
interaction between the interstitial B element and adjacent metal
atoms at the PB contribute to the enhanced PB binding strength due to
B segregation.

In addition to their contribution to yield strength, GOPBs also play
a key role in determining both the plastic deformation and thermal
stability of B;g RMEA. For the decent ambient plasticity, the gradient
ordering structure around the semi-coherent GOPBs can enhance the
capability for dislocation storage, preventing interfacial stress con-
centration and promoting strain compatibility within the strong het-
erostructure. Specifically, the misorientation gradient is uniformly
distributed around all PBs with a peak misorientation degree of ~1° in
B0 RMEA (Fig. 3g, h), while it concentrates around only a few PBs with
a quite large peak misorientation degree up to -14° in B;s RMEA
(Supplementary Fig. 20e, h). The uniform distribution of misorienta-
tion gradient and low degree of peak misorientation suggest that
GOPBs can promote coordinated hetero-deformation between the
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dual-phase architecture in By alloy. Conversely, the absence of GOPBs
in B;s RMEA leads to localized stress concentration, which is consistent
with the pronounced susceptibility to fracture along PBs (Supple-
mentary Fig. 18). Consequently, GOPBs contribute significantly to
room-temperature deformation by promoting coordinated deforma-
tion across dual phases and mitigating stress concentration to avoid
early cracking. The second factor is the bonding characteristic that
enables GOPBs to act as a mediator, facilitating the emission of dis-
locations from the soft BCC phase to the hard M;B, phase. This
mechanism, referred to as borrowed dislocations, can provide sig-
nificant plasticity to the nano-/micro-scale ceramic phase*’. During
deformation at ultrahigh temperatures, the GOPBs also contribute to
the strong binding strength. The compressed B;o RMEA shows sparse
and uniformly distributed micropores within the middle region (Sup-
plementary Fig. 31a, b), while the bottom region is nearly pore-free
(Supplementary Fig. 31c, d). In contrast, both the middle and bottom
regions in the compressed B;s RMEA exhibit massive pores (Supple-
mentary Fig. 31e-h). Notably, many of these pores form at PBs through
the coalescence of micropores. This observation directly demon-
strates that the weak bonding strength of conventional PBs in Bys
RMEA is unfavorable for maintaining strength and impedes coordi-
nated plastic deformation at ultrahigh temperatures. Furthermore,
detailed TEM analyses reveal an absence of either element segregation
or interfacial ordered structure around the PBs in compressed Bys
RMEA (Supplementary Figs. 32, 33). This discrepancy further under-
scores that the superior ultrahigh-temperature performance of Byo
RMEA, despite its lower boride fraction than B;s RMEA, stems from a
structure advantage of GOPBs, i.e., the interfacial ordered structure
induced by element segregation at PBs.

Regarding thermal stability, the advantage of GOPBs is mainly
attributed to the suppression effect on diffusion-dominated inter-
facial migration®® (Supplementary Note 6). The coarsening rate K*° is
determined by the molar volume of the M;B, phase (VE1) and the
interfacial energy (y). In other words, the phase coarsening rate
depends on whether phase transformations occur or whether the
characteristic of the PBs changes. In the as-cast B;o RMEA, the semi-
coherent GOPBs present only a slight concentration of V and B at the
ordered clusters (Fig. 2j). After compression at 2073 K, the PBs
transform into fully coherent interfaces with significant enrichment
of V and B (Fig. 4f-i). This transformation reduces lattice distortion
and leads to a substantial decrease in interfacial energy (y), strongly
suppressing diffusion-controlled interfacial migration. As a result,
both the fraction and size of the dual phases remain virtually
unchanged after compression at 2073 K, demonstrating the excel-
lent thermal stability of the B;, RMEA even at temperatures
approaching ~0.7T .

In summary, we developed a boride-reinforced (WTaV)90Bio
RMEA with gradient-ordering phase boundaries, achieving a
remarkable combination of decent ambient plasticity, considerable
ultrahigh-temperature strength, and excellent thermal stability. B
segregation at PBs during solid-state phase transformation fosters
the formation of ordered B-rich clusters, where the covalent B-B
bonding and the strong interaction between interstitial B atoms and
their adjacent metal neighbors at the PB enhance interfacial cohe-
sion. This nanoscale ordered structure at PB enables the B, RMEA to
exhibit substantial plasticity of ~6% at ambient temperature, along-
side a high yield strength of 650 MPa at 1873K and 242 MPa at
2073 K. The alloy maintains structural and phase stability after
ultrahigh-temperature deformation, ensuring excellent thermal
stability up to ~0.7T,,,. These findings demonstrate that the strength-
plasticity trade-off from 298 to 2073 K is effectively overcome in our
GOPB-reinforced RMEA. The interfacial gradient-ordering strategy
offers a viable pathway for developing advanced RMEAs toward
ultrahigh-temperature applications.

Methods

Alloy preparation and microstructure characterization
(WTaV)100-xBx alloys (x=0, 5, 10, 15, 20 at.%, denoted as Bo, Bs, Bjo,
Bis, and B,p) were designed by introducing boron into the equia-
tomic WTaV alloy. The alloys were fabricated using a vacuum arc-
melting furnace (Chengdu Zhongke Advanced Materials Technology
Engineering Co., Ltd) under a high-purity argon atmosphere. Before
melting the target ingots, a pure Ti ingot was melted for at least five
minutes to absorb residual oxygen in the furnace. To ensure com-
positional homogeneity, each B, ingot was melted for at least 3 min,
then flipped and remelted more than five times. Melting was initi-
ated at a current of 200 A, with subsequent remelting conducted at
currents between 300 and 400 A. The ingots were finally furnace-
cooled to room temperature within a water-cooled copper mold
crucible. High-purity W, Ta, V, and B elements (details in Supple-
mentary Table 8) were used as the raw materials. The initial weight of
each pre-melted ingot was 20 g with a deviation of +0.005g per
element during the raw materials were weighed. Only ingots with a
mass loss below 0.5 g after melting were retained for further analy-
sis. The chemical composition of the ingots was confirmed by an
inductively coupled plasma-optical emission spectrometer (ICP-
OES, Agilent 5110). The ingots were mechanically crushed into
powder with a particle size under 1 mm, and used as samples for ICP-
OES tests after microwave digestion. The configurational mixing
entropy was estimated using the equation® AS;, = — R ¢lInc;,
where R is the gas constant, n is the total number of constituent
elements, and c; is the molar fraction of the ith element. The calcu-
lated ASix values (Supplementary Table 9) confirm the B, compo-
sitions as refractory medium-entropy alloys (B, RMEAs). Long-term
annealing was conducted on B;o RMEA ingots at 1873 and 2073 K,
respectively, for 5h by a high-vacuum tungsten-wire sintering fur-
nace. The heating and cooling rates were both 10 K/min.

The crystalline structure and phase constitution of the B, RMEAs
were analyzed by X-ray diffraction (XRD, Bruker D8 Discover) with Cu-
Ko radiation at a scanning rate of 4°/min. The micromorphology was
characterized using a field emission scanning electron microscope
(SEM, FEI Nova Nano450). The phase structure was analyzed using an
electron back-scattering diffraction (EBSD, FEI Sirion) with an accel-
erating voltage of 15-20V and a specimen tilt of 70°. The binning
mode of pixels, frame averaging, frame rate, and exposure time for
EBSD tests were set as 4 x 4, 5, 64, and 2.16 ms, respectively. The quality
statistics details of the EBSD data were provided in Supplementary
Table 10. The SEM and EBSD specimens were prepared by a vibratory
polisher (Buehler VibroMet 2) with a nanoscale SiO, suspension for 6 h.
Phase maps, Kernel average misorientation (KAM) maps, and orienta-
tion relationship of the phase boundary were analyzed using Channel
5 software (version 5.0.9.0) after noise reduction by standard
smoothing (zero solutions extrapolated no more than twice). Phase
size was measured in the phase map by Nano Measurer software
(version 1.2.5). The microstructure and element mappings of the as-
cast and deformed specimens were characterized by a transmission
electron microscope (TEM, Talos F200X) with an energy-dispersive X-
ray spectroscopy (EDX). Fast Fourier transformation (FFT), inverse fast
Fourier transformation (IFFT), and geometric phase analysis (GPA)
were performed on the high-resolution TEM (HRTEM) images using
Digital Micrograph software (version 3.7.4). All TEM samples were first
mechanically ground to ~-30 pum and then thinned by ion-milling
(GATAN-M691). The chemical uniformity was evaluated by atom probe
tomography (APT, CAMECA LEAP 4000X Si). Needle-shaped APT
samples were fabricated by a focused ion beam (FIB, Zeiss Auriga). The
APT samples were examined at 50 K under an ultrahigh vacuum of
~4 x10™ torr. Three-dimensional (3D) reconstructions of the APT data
were performed using the Integrated Visualization and Analysis Soft-
ware (IVAS 3.8.2).
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Mechanical properties testing

Room-temperature compression tests were conducted using a Sans
5305 system, while the ultrahigh-temperature compression tests were
performed in an argon atmosphere using a Zwick KAPPA 100 machine.
An external infrared thermometer and a built-in thermocouple were
calibrated against each other to ensure the test temperature accuracy
within £6 K*. A strain rate of 1x107s™ was used at both ambient and
elevated temperatures. The heating and cooling rates for ultrahigh-
temperature compression tests were ~50 and -20 K/min, respectively.
Compression samples were cut using electrical discharge machining to
dimensions of ¢ 2x4 mm and & 4 x 8 mm, followed by ultrasonically
cleaning with alcohol. Nanoindentation tests were performed using a
Hysitron Triboindenter (Hysitron Inc., Minneapolis, MN) at ambient
temperature. Indentations were performed with a maximum load of
30mN with a loading time of 10s in load-controlled mode. A step
interval of 10 pm was applied between successive indentations to pre-
vent overlap of the deformed zones from adjacent indentations. Samples
for nanoindentation tests were cut using electrical discharge machining
to dimensions of 6 x 6 x1mm, followed by mechanical grinding with
sandpaper and vibrational polishing with a nanoscale SiO, suspension.

DFT computational details and phase diagram calculation
methods

All the density functional theory (DFT) calculations were conducted
based on the Cambridge Sequential Total Energy Package (CASTEP)
module, which was implemented in Materials Studio 7.0°. The
exchange and correction of atomic interactions were described by the
generalized gradient approximation (GGA) method with
Perdew-Burke-Ernzerhof (PBE) function®’. The ultrasoft pseudo-
potential method was adopted to describe the interactions between
valence electrons and ionic cores®>. A plane-wave basis set was
assigned with a cutoff energy of 400 eV. The Brillouin zone was sam-
pled by a Monkhorst-Pack grid®*. The convergence tolerances of
energy, force, and displacement for the structure optimization were
5.0x10*eV/atom, 0.01eV/A, and 5.0 x10™* A, respectively, and the
self-consistent field (SCF) was set as 5.0 x 107 eV/atom.

A supercell model with a (200)gcc WasTas4Vis//(00D)tetragonal
M3B, coherent interface and the k point of (2 x 2 x 4) was constructed
to investigate (i) the segregation tendency of B element toward PB and
(ii) the binding strength of PB affected by interstitial B element. Note
that the W,gTaz,Vig model represents the BCC phase in By, which was
consistent with the composition measured in our 3D-APT experiments
(Fig. 2 and Supplementary Table 6). The supercell model mentioned
above was built based on the special quasi-random structure (SQS)
method®, which was generated using the Alloy Theoretic Automated
Toolkit®® (ATAT). Such a method was based on a Monte Carlo-based
evolutionary algorithm to search for the periodic atomic structure
with the closest match of correlation functions of an ideally mixed
solid-solution state. The atomistic models are shown in Fig. 5a-i, with
the atomistic configuration CIF files provided in Supplementary
Data 1-9. Negative £ indicated that the segregation of the B element
toward PB was energetically favored. The negative binding energy
indicated that the B element located at PB could enhance the phase
interface bonding strength®*>*¢,

Phase diagram calculations of B, RMEAs were performed using
the Thermo-calc 2024b software with the TCHEA6 database®”%, The
equilibrium phase diagram and phase transformation stages were
predicted based on the Gibbs energy minimization for a given com-
position of the B, RMEAs.

Data availability

All data supporting the findings in this study are available within the
main text, Supplementary Information, Supplementary Data files, and
Source Data file. Source data are provided with this paper. The EBSD

and HRTEM raw data have been deposited on the Figshare database
under the accession code https://doi.org/10.6084/m9.figshare.
30515822.v2. Source data are provided with this paper.
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