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Layered transition metal oxide cathodes (Na,TMO,) demonstrate a classic type
of cathode for Sodium-ion batteries (SIBs), however their practical application
faces a long-standing challenge of irreversible phase transitions at high vol-
tages, which causes unsatisfied specific energy and cycling stability, particu-
larly for P-type (Na' located at prismatic sites) cathodes. This phenomenon is
conventionally ascribed to the Na* re-coordination from prismatic to octahe-
dral (O-type) configuration upon Na* extraction, whereby the TMO, slab
gliding and abrupt c-lattice change are always coupled, and a straightforward
solution to this situation remains elusive. Here, we reveal that, the TMO, slab
gliding and the lattice contraction can be decoupled, and the rapid lattice
contraction under high state-of-charge underlies the fundamental origin for
the irreversible phase transitions. By pre-engineering 15.8% O-type stacking
faults to a P-type Nag7Mng gNig,0,, the dramatic volume variation and irre-
versible phase transitions at high voltage (4.5V vs. Na’/Na) can be primarily
eliminated. This work advances the understanding on the phase transitions at
deep desodiation states, and paves up a feasible way to realize high-energy
layered oxides.

Sodium-ion batteries (SIBs) based on earth abundant resources
demonstrate great application potential in grid-scale energy storage or
fast charging scenarios, attributed to their low cost and fast charging
ability'>. Layered transition-metal oxides (Na,TMO,, TM refers to
transition metals) with high theoretical capacities and good proces-
sability, have been well explored as SIB cathode materials, which can

be generally classified into different types according to the coordina-
tion of Na (trigonal prismatic: P-type or octahedral: O-type) and the
stacking of the oxygen layers (e.g., P2:ABBA or O3:ABCABC)*®. The
P-type materials with an open prismatic structure allow fast Na*
transportation and are inherently more stable than their O-type
counterparts, however, their practical applications have to deal with
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one primary challenge of uncompetitive specific energy, attributed to
their relatively low Na content (x is typically between 0.67 and 0.78)"%.
Even worse, the full charge storage capacity of these cathode materials
cannot be fully utilized primarily because they undergo deteriorated
P-type to O-type phase transitions along with a very large volume
change at Na-depletion states (high SOC, Supplementary Fig. 1)°°.

The irreversible P-to-O phase transition is characterized by the
gliding of the transition metal oxide (TMO,) slabs associated with a re-
coordination of the Na* ions from P-type to O-type, as well as a dra-
matic contraction of the unit cell along the c-axis" ™. Typically, the
gradual removal of Na* will decrease the Na shielding and present face-
to-face 0% ions between adjacent TMO, layers, which causes escalated
0?-0% electrostatic repulsion and a continuous expansion of the
NaO; layer spacing. At high SOC, this expanded spacing is maintained
solely by the repulsive forces between O* ions, which further pre-
cipitates the gliding of TMO, slabs to form thermodynamically stable
02-type stacking faults (SF). Such a process is invariably accompanied
with a rapid and significant c-drop and a volume shrinkage of -20%,
thus triggers severe particle fragmentation and the consequent capa-
city decay upon cycling, especially at high SOC. A more reversible
phase transition from P2 to OP4/Z phase can be induced at high SOC
by introducing specific elements (Li™*, Ti*", Mg?"¢, Zn?"”, Sb™"%, Ca®*"?,
etc.) or TM vacancies into the TMO, layer. These OP4 or Z phases are
considered to feature with O/P-type intergrowth phase, wherein the
ratios between P-type layer and O-type layer vary with the charging/
discharging potentials and cycles’®”. However, from the aspect of a
single slab, a sudden c-drop and volume change still happen, which can
cumulatively lead to inevitable structural failure at a cut-off voltage
(usually >4.3V) or after prolonged cycling. This casts some funda-
mental questions: how can the abrupt P-to-O phase transition or the
related lattice contraction be avoided at the level of individual slabs? Is
there a straightforward way to decouple the TMO, slab gliding from
the lattice contraction?

In this work, we break away from the conventional views by pre-
engineering 15.8% O-type SF to a P-type Nag;Mng gNig,0,, and inves-
tigate the structural origin of the P-to-O phase transition and the
accompanied chemo-mechanical structural degradations. We provide
substantive evidence that the TMO, slabs gliding and the volume
change can be largely decoupled, while the significant c-axis expansion
upon Na* extraction and abrupt lattice contraction at high SOC serve
as the primary drivers for the irreversible phase transitions. Dis-
tinguished from the SF formed during electrochemical charge/dis-
charge, which could damage the structural stability, the pre-
engineered SF in P-type layered oxides characterized with large
interlayer distance (-5.6 nm) and O-type coordination, can avoid the
presence of face to face O* ions at high SOC, leading to minimal c-axis
expansion during the Na* extraction, which eventually eradicated the
irreversible P2 to O2 phase transition. The as-prepared SF-rich
Nag;MnpgNip,0, (SF-NaMN) delivers an specific energy of
635W h kg™ (based on cathode materials), and the as constructed hard
carbon||SF-NaMN full cell demonstrates a specific energy of
297 Whkg™ (without presodiation) with capacity retention of ~80%
after 600 cycles. A pouch cell and an all-solid-state sodium batteries
were also assembled (without presodiation), which demonstrate high
specific energy and stable cycling performance. This work clarifies the
long-standing puzzle for the origin of P to O phase transition, and
paves the way to rationally design high-voltage Na,TMO, cathodes by
the virtue of stacking-faults engineering.

Results and discussion

Designing of SF rich P2-type layered oxides

This work aims to decouple the TMO, slab gliding from the c-
lattice contraction, which generally happens co-currently during
the charging and discharging process. To disrupt this inherent
correlation, one can consider pre-establish certain amounts of

O-type slabs into P-type layered structure with unchanged inter-
layer distances (O-Na-0). Conventionally, O- or P-type phases
can be generally achieved by adjusting the cationic potentials
through introducing different hetero elements®*'*?>*, but such
strategies inevitably lead to varied c-lattice spacing (e.g., O3:
0.53-0.54 nm, 02: 0.44 nm, P2: 0.56-0.57 nm). In this work, we
focus on the typical Mn-Ni-based P2-type cathode and intention-
ally disrupt the Mn-Ni ordering by manipulating the co-
precipitation process of the (MnNi)CO5 precursor (see details in
Supplementary Note 1). We refer the concept of the “cationic
potential (®)"" to elucidate how these O-type SF with remained c-
parameter can be created in P2-layered oxides. Previous studies
have proposed an empirical relationship (y=0.4065x +1.572),
which is regarded as the P-O phase dividing line (PDL). According
to this equation, the compounds with different composition
would exhibit distinct cationic potentials, leading to different Na
coordination modes contingent upon their position relative to
the PDL. Further extending this description, we can draw lines
parallel to the PDL, whereby the layered oxides on these parallel
lines present similar coordination environments, termed “equal
coordination lines” (ECL) in this article. It can be reasonably
deduced that the compounds positioned on ECLs closer to the
PDL are more likely to form P/O biphasic materials, whereas those
far from the PDL tend to yield pure P-type or O-type phases. To
validate this hypothesis, we calculated the cationic potentials of
those P/O biphasic oxides reported from literature, which are all
confirmed situated in the O-P biphasic region (Supplementary
Fig. 2; Supplementary Tables 1 and 2). We then applied this ana-
lysis to individual TMO, slabs. The calculated cationic potentials
of NagsMn;_yNi, O, (0<x<0.5, Fig. 1a) reveals that the @ values
vary with the Mnm:Ni ratio with such a sequence:
®(Nao ;Mng 7Nio 302) > @(Nag sMng sNip s02) > @(Nag 7Mng gNio -
0,) > ®(Nag ;Mng ¢Nig 403) > @(Nag sMng 9Nig 102) > @(Nag ;Mn-
0,) with ECLs approaching the PDL line. Therefore, if the Ni/Mn
elements are unevenly distributed in Nag ;Mn;_,Ni,O,, those Mn-
rich TMO, slabs could induce O-type Na coordination occasion-
ally, which demonstrate the structural origin of the large amount
of O-type SF formed in SF-NaMN. With this mind, the
Nag ;Mng gNig .0, layered oxides with pre-constructed SF (deno-
ted as SF-NaMN) were synthesized by regulating atomic
arrangement of Mn and Ni ions (more detailed information are
presented in “Methods”, Supplementary Note 1; Supplementary
Figs 3 and 4). Laboratory and synchrotron X-ray powder diffrac-
tion patterns (XRD) show that SF-NaMN patterns exhibit obvious
diffraction peak broadening on (10 /) (e.g., (102), (103), (104), and
(106)) planes, but the peaks of (00/), (h00) and (hkO) remain
sharp (Fig. 1b; Supplementary Fig. 5 and Supplementary Table 3),
indicating that SF-NaMN has a structural integrity along the ab-
plane. Generally, the diffraction peak broadening can be origi-
nated from the crystallites size decrease, the presence of micro-
strain or certain type of defects etc**?’. Herein, we applied
Williamson-Hall equation (W-H) to probe the origins for peak
broadening of (10 /) facets in SF-NaMN?*°, The fitted line of (10 /)
facets of SF-NaMN deliver a slope of 1.51%, which is 0.1% for the
other facets with a line almost parallel to the x-axis in SF-NaMN,
and 0.21% for all diffraction peaks of NaMN (Fig. 1c; Supplemen-
tary Tables 4; 5 and Supplementary Note 2). This indicate that, the
broadening of the (10/) peaks should be attributed to the pre-
sence of SF along the (00 /) facets in SF-NaMN. Furthermore, the
percentage of the SF has been calculated as 15.8% according to
the equation:

el = 08 4 Lcosbeos g 4f (detailed information described in
“Methods”). As contrast, NaMN did not show the peak broadening on
(10 [) planes. The Rietveld refinement of XRD patterns of SF-NaMN and
NaMN reveals that the c-axis of the SF-NaMN (11.187 A) exhibits a slight
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Fig. 1| Structure of the SF-NaMN, NaMN cathodes. a The cation potential phase
map of Nag ;Mn;_,Ni, O, (0 < x < 0.5). b X-ray diffraction of SF-NaMN and NaMN, the
normalization methodology is min-max normalization, feature scaling to the [0, 1]
range. ¢ Williamson-Hall plots of SF-NaMN and NaMN. d Comparison of anion-

anion distances in octahedral and prismatic environments of sodium-based layered

oxides. Here, d(o-na-0) and d(o-o) interlayer distances denote the perpendicular
distances and straight-line distance between the two oxygen layers, respectively. In
this case, the cation-anion distance is considered to be determined by the ionic
radii of the cation (r.) and anion (r_), while the in-plane anion-anion distance is
governed by the ionic radius of the anion.

contraction (0.456%) in comparison to the that of NaMN (11.238 A)
(Supplementary Fig. 6; Supplementary Tables 6 and 7), which may be
induced by SF. Significantly, no characteristic peaks for O3-type
structure were detected, evidencing that the O-Na-O interlayer dis-
tance at the O-stacking faults remain the same with the P-type struc-
ture. Figure 1d illustrates the P- and O-type configurations with the
O-Na-O interlayer distance unchanged. It can be calculated that,
under the same O-Na-O interlayer distance, the O-O distance across
the intercalant layer will always be longer in O-type than P-type
configurations®. Henceforth, the 0*-0* electrostatic repulsion in the
O-type SF can be significantly reduced upon Na* extraction, which may
avoid abrupt lattice contraction, and offers the possibility to decouple
the TMO; slab gliding and the lattice contraction.

Structural characterization

The morphology and microstructure of the samples were examined
using scanning electron microscopy (SEM) (Supplementary Fig. 7) and
aberration-corrected high-angle annular dark-field scanning transmis-
sion electron microscopy (Fig. 2a-d and Supplementary Fig. 8). Grains
projected along the [100] zone axis were observed, with the large
bright spots representing TM atom columns, but light elements, such
as Na and O, are not detectable. Notably, a series of periodic regular SF
can be found in SF-NaMN (orange box) with interlayer distance of
5.56 A at stacking fault position, and 5.65A for other P-type layers
(Fig. 2a). The space distances of the lattice fringes for NaMN are 5.70
and 2.57 A corresponding to the (002) and (100) plane, respectively
(Fig. 2b). The atomic-level structural information along the [001] zone
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Fig. 2 | Driving forces for the formation of stacking faults in SF-NaMN.

a, b STEM-HAADF images of SF-NaMN and NaMN projected along the [100] zone
axis. ¢, d STEM-HAADF images of SF-NaMN and NaMN projected along the [001]
zone axis. e Corresponding simulated model of NaMN and SF-NaMN along the
[100] zone axis. f Simulated structure of NaMN and SF-NaMN from [001] direction.
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axis further confirmed both TMOg octahedron of SF-NaMN and NaMN
aligned in a hexagonal symmetry arrangement (Fig. 2c, d). The vision
of SF in SF-NaMN can be clearly distinguished in [001] direction, which
shows ordered honeycomb structure. The bright spots in blue circles
represent TM atoms occupied 2a sites of P2-layered hexagonal struc-
ture, while the slight spots (green and orange lines) correspond to TM
atoms at octahedral 2b sites in SF slabs (Fig. 2c, inset). These SF should
be caused by the gliding of a TMO, slab along [1/3, 2/3, z] or [2/3,1/3, z]
direction, leading to the coordination environment change of Na* from
trigonal prismatic position to octahedral positions. Besides, the hor-
izontal distances between adjacent TMO, octahedron of SF-NaMN
under different signal intensities are similar (5.03 A), indicating the
gliding of TMO, slabs induced by SF remain integral P2-type structure
without obvious variation in atomic spacing (Fig. 2c). As contrast, the
horizontal distance between TMO, octahedron of NaMN is ~5.10 A
without extra signals generated from [001] projection, indicating
single-crystalline hexagonal structure of NaMN without obvious SF
(Fig. 2d). According to the above structure features observed, we built
structural models to understand the special atomic arrangement of SF-
NaMN (Fig. 2e, f). It indicates that the P2-Nag ;Mng gNig,0, lattice and
O-type SF are compatibly combined by sharing identical closely

packed O sublattices in a pseudo-hexagonal scheme, which matches
well with the STEM atomic pattern. Notably, the interlayer distance of
TMO; slabs at stacking fault layer in SF-NaMN is close to that the P-type
phase (5.56 A v.s. 5.65 A), which different from the noticeable decrease
in interlayer distance of (002) facet observed in 02 phases (4.3-4.4 A)
during deep desodiation process”. Further characterizations were
conducted to explore the possible mechanism for the formation of
such SF rich structure. Atomic-resolution energy dispersive spectro-
scopy (EDS) mappings (Fig. 2g-j) were conducted to distinguish the
distribution of Mn and Ni atoms within each sample beneath the
projected atomic columns. By comparing the counts of EDX spectra,
the ratios of transition metals at the two SF region are approximately
Mn:Ni=0.815:0.185 and 0.789:0.211; as well as 0.789:0.211 and
0.805:0.195, respectively. These values correspond to a to d TMO,
slabs (counted from top to bottom in Fig. 2h). The ionic potential
differences of the transition metals between the two layers at the
stacking fault are 0.3552, and the cationic potential difference is
0.08532 with constant Na content (0.7) (Supplementary Fig. 9). It is
revealed that Mn atoms demonstrate enhanced intensity at SF
accompanied with weakened Ni intensity (Fig. 2h), suggesting that
there is a variation of Mn-Ni contents among different TMO, slabs in
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SF-NaMN. The obvious difference of Mn/Ni ratio at certain TMO, slabs
might be the fundamental origin of SF, which is consistent with our
design. As contrast, NaMN sample shows homogeneous Mn and Ni
distribution within each layer. (Fig. 2i, j).

The local structure of TM-ordering in SF-NaMN and NaMN was
further examined by X-ray pair distribution function (PDF) and neu-
tron diffraction (ND) patterns. The local distances of TM-O (orange
curve), and TM-TM (green curve) were simulated by PDFgui software
(Supplementary Fig. 10). It can be found that the short-range ordering
of TM-TM pair of SF-NaMN has obvious decay compared with that of
NaMN. Moreover, the TM-ordering reflections experience a noticeable
decrease in SF-NaMN than that in NaMN, as evidenced by the reflec-
tions around 3.0-4.6 A in (ND) patterns (Fig. 2k)*>, which indicating
that the TM (Mn-Ni) arrangement of SF-NaMN are obviously more
disordered than that of NaMN. Combining the EDS-mapping and ND
results, SF-NaMN synthesized by our methods could induce Mn atoms
enriched in several layers of layer oxides, lead to the different T™M
contents and corresponding cationic potential between adjacent
TMO; slabs. The large cationic potential difference between adjacent
TMO, slabs give rise to non-equilibrium electrostatic repulsion of
0%-07, thus leading a couple of weakened Na-O bonds and a pair of
strong Na-O bond’. In this case, Na* occupation in P-phase trigonal
prismatic position is unstable and tend to move to octahedral posi-
tions driving by non-equilibrium O-Na-O interaction, leading to the
occurrence of O-type SF.

To verify the generality of this synthesis method, samples doped
with varied metallic ions, such as Nag74Mng7sNigsLio o502,
Nag 64Mng 77Ni18Tio.0s02,  Nag;Mng.75Nio 2Mgo.0502,  Nag.e7Mng 75
Nio.21CU0.0402, Nag.¢7Mng 75Nig2Alp.0502, Nag.soMng 74Nig19F€0.0702,
Nag 73Mng 76Nip 18ZN0.060» Were synthesized using the same method.
The diffraction peak of (102), (103), (104) and (106) facets of these
samples were also obviously broadened compared with their control
samples (Supplementary Fig. 11 and Supplementary Table 8), indicat-
ing that such a synthetic approach is viable to regulate the crystal
structure of P2-phase materials with diversified compositions.

Electrochemical performance

The electrochemical performance of SF-NaMN and NaMN samples
(Supplementary Data 1) was tested at varied potential ranges (vs. Na*/
Na) using sodium metal as the anode (Fig. 3a-c). The as prepared SF-
NaMN deliver a capacity of 130 mAhg™ in the voltage range of
2.4-4.5V (Fig. 3a), and 227 mA h g™ in a wide voltage range of 1.5-4.5V
(Supplementary Fig. 12) at 0.1C (1C=180 mA hg™), corresponding to
a high specific energy of 635 W h kg™ (calculated based on active mass
of the cathode material). The peak intensities of Na*/vacancy ordering
(3.78/3.64 V) are significantly reduced for SF-NaMN compared to that
of NaMN, suggesting that pre-constructed SF can effectively suppress
the formation of Na“/vacancy ordered structures. The CVs and dQ/dV
curves of SF-NaMN and NaMN show two pairs of redox peak in the high
voltage region (4.11/4.38 V) corresponding to the Ni**/Ni* and 0*/0™
redox reaction®** (Supplementary Fig. 13), which is confirmed by
ex situ X-ray absorption spectroscopy (XAS) and X-ray photoelectron
spectroscopy (XPS) (Supplementary Figs. 14; 15 and Supplementary
Note 3). The galvanostatic intermittent titration techniques (GITT)
(Fig. 3b and Supplementary Fig. 16) results show no obvious drop on
the Dy," value (10°%°>107%% cm?s™) at high voltage (4.5V) for SF-
NaMN, evidencing the improved ion diffusion capability for SF-NaMN.
On the contrary, NaMN experienced two orders of magnitude decrease
(107°% >10™ cm?s™) of the Dy,". Consequently, SF-NaMN demon-
strates notable rate capability and cycling stability (Fig. 3¢ and Sup-
plementary Fig. 17), with an initial discharge capacity of 93 mAhg™ at
2 C and a capacity retention of 70% after 300 cycles at 25 °C, far sur-
passing to that of NaMN (37.6% retention after 300 cycles, Supple-
mentary Fig. 18). The as prepared SF-NaMN also exhibits a promising
cyclability at high temperature (50 °C) with a capacity retention of

86.1% after 100 cycles at 1C, surpassing to that of NaMN (64%, Sup-
plementary Fig. 19). The electrochemical performance comparison of
cathode doped with varied metallic ions were also examined and
summarized in Supplementary Figs. 20 and 21. The GCDs of Li, Ti, Mg,
Zn, Cu, Al and Fe doped SF-NaMN cathodes show smoother charge-
discharge curves in the high voltage range of 4.2-4.5V, distinguishing
from their corresponding control samples. Meanwhile, the rate per-
formance, coulombic efficiency (CE) and cycling stability of these
cathode oxides are further enhanced (Supplementary Fig. 22).

As has been established that P2-type electrodes usually deliver a low
initial charge capacity of ~-85mAhg™ below 4.0V due to the low Na
content (<0.75) in the molecular®”, and a low average voltage <32V
because of the irreversible P to O phase transition at high voltage®™*,
thus compromising the overall specific energy of the battery. Therefore,
in order to achieve a decent specific energy, a troublesome pre-sodiation
process or adding self-sacrificed additives becomes necessary for the
full-cell construction of P2-type cathodes® . Considering the incredible
reversibility of SF-NaMN under high voltage could enable more Na* ions
participate in the electrochemical reactions, full cells were assembled
using unpresodiated hard carbon (HC,ps) as anode (HC,p/|SF-NaMN)
(Supplementary Fig. 23). The as-equipped HC,s|ISF-NaMN delivered a
high specific capacity of 115.5mAhg? (calculated based on the active
mass of cathode electrode) with initial CE of 82.4% at a high average
operating voltage of 3.5V at 0.1 C (Fig. 3d), and a high rate performance
with 69.2 mA h g™ capacity remain at 4 C (Supplementary Fig. 24). Most
importantly, the HC,/[SF-NaMN demonstrated a improved cycling
stability at varied voltage ranges (Fig. 3e and Supplementary Fig. 25), the
capacity retention maintained 96.2% and 87.3% within 1-4.4 V after 50,
100 cycles, and 77.3% within 2-4.2 V after 600 cycles at 1C respectively
with negligible voltage fade of GCD curves (Supplementary Fig. 26), far
surpassing that 71.9%, 56.7% within 1-4.4 V after 50, 100 cycles and 67.2%
within 2-4.2'V after 229 cycles) of HC,ps/INaMN. The specific energy of
HC,plISF-NaMN was calculated as 297 W h kg™ (based on the total active
mass of both electrodes). Furthermore, a full cell with pre-sodiated hard
carbon (HCys) and SF-NaMN (HCp4lISF-NaMN) was also constructed
(Supplementary Fig. 27), which delivered an specific energy of
303.7 Whkg™ (based on the total active mass of both electrodes). The
specific energy of both HC,|ISF-NaMN and HC||SF-NaMN is compar-
able to full-cells constructed with P2-layered oxide cathodes and pre-
sodiated HCs (Fig. 3f and Supplementary Table 9). A side-by-side
comparison of full-cell performance was further conducted by re-
synthesis several literatures reported materials and assembling full-cells
under the exact same conditions, which suggesting enhanced high vol-
tage and full-cell performance (without presodiation) (Supplementary
Fig. 28 and Supplementary Note 4). Intriguingly, the SF-NaMN exhibits
optimized compatibility with NASICON (Na;Zr,Si,POy,) solid electrolyte,
which achieves a high specific energy of 437.6 W h kg™ within 2.4-4.5V
(Supplementary Fig. 29). The all solid-state full cell can stably run at a
high cutoff voltage of 4.2 V with retaining 81% of the initial capacity after
300 cycles at 0.5 C (Supplementary Fig. 29d).

To have an in-depth understanding on the electrochemical perfor-
mance of SF-NaMN, the difference of the Na* kinetic transport between
SF-NaMN and NaMN at high voltage (>4.2V) in the full cell system was
systematically studied through the distribution of relaxation times (DRT)
analysis, which employs a model-free approach to analyze impedance
evolution. This mathematical transformation converts frequency-
domain Nyquist plots into time-domain DRT spectra, enabling a
model-independent assessment of electrochemical processes.

= Y
o l1tjwt

Z(w)=R+

Peaks at specific relaxation times correspond to distinct electro-
chemical processes, while their respective areas quantify the asso-
ciated impedance values. The relaxation time (7) is the characteristic
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Fig. 3 | Electrochemical performance of SF-NaMN and NaMN in half-cells and
full-cells. a Initial charge/discharge profiles of SF-NaMN and NaMN in the
voltage range of 2.4-4.5V. b Sodium ion diffusion coefficient (Dy,") of SF-
NaMN and NaMN calculated from the GITT formula, the two histograms are
the diffusion coefficients of SF-NaMN and NaMN at 4.5V, respectively.

¢ Long-term cycling stability of SF-NaMN and NaMN at rates of 2 C. d Initial
charge-discharge curves of the full cell within 0.5-4.45V of SF-NaMN and
NaMN cathode with unpre-sodiated HC. e Cycling performance of HCypsl|SF-

Cycle number (N)

NaMN full cells within 2-4.2 V. f The comparison of the specific energy and
working potential with other reported literatures’?°">*3"%* the capacity is
calculated from the reported specific energy and average working potential
in these literatures. g, i GCDs within 3.9-4.4 V. DRT contour image of

h, HC,;5|ISF-NaMN and j HC,s[[INaMN within 4.22-4.4 V at 0.1 C during the 1st
cycle of charge and discharge process at 25+ 2 °C. k Charge/discharge pro-
files of pouch cell of HC||SF-NaMN within 1-4.4 V. I Cycling performance of
pouch cell of HC,||SF-NaMN full cells at 1C charge/1C discharge.

time scale required for a system to recover from a non-equilibrium
state to an equilibrium state, which reflect the rate of electrochemical
reactions or ion diffusion. The electrochemical impedance spectra
(EIS) are resolved by this analysis with different electrochemical
processes®* ™, six main peaks located at 107°-107* (Rg), 10°3-1072 (Rgim),

107-10° (Ree1, Ret2), 10°-10* (Zo), in accordance with ohmic resistance,
resistance of solid electrolyte interphase (SEI), (refer to the film atop of
anode) and cathode electrolyte interphase (CEI) (film, refer to the film
atop of cathode), charge transfer resistance of anode material, charge
transfer resistance of cathode material and Warburg resistance,

Nature Communications | (2026)17:1516


www.nature.com/naturecommunications

Article

https://doi.org/10.1038/s41467-025-68238-7

respectively®***, (high and intermediate/low frequency region etc)
(Fig. 3g-j and Supplementary Fig. 30). As Na* deep desodiated, R.; for
HC,pslISF-NaMN gradually increased and moved towards longer
relaxation time, this could be attributed to the slow Na* transport
kinetics within the almost fully sodiated HC at 4.35-4.4 V*°. Notably,
the Warburg resistance (Zyo), which characterizes the bulk Na* diffu-
sion behavior, showed no obvious variation during the first cycle,
indicating that the diffusion process remains relatively stable during
charging process. The Rc; and Zy resistance could return to their
original response position during the discharging process. This
reversibility of the impedance-derived parameters serves as compel-
ling evidence for the optimized electrochemical reversibility exhibited
by the HC,,5|/ISF-NaMN. In contrast, for the HC,ps/[NaMN full cell, both
R.> (charge transfer resistance of cathode material) and Warburg
resistance (Zyo) increased significantly during charging process and
can not completely recover during the discharging process, indicating
the charge transfer and bulk Na* diffusion process were severely
inhibited by irreversible phase transition of NaMN.

A 0.5 A hpouch cell are assembled to further develop the practical
potential application of SF-NaMN (Fig. 3k and Supplementary
Table 10). Kilograms of SF-NaMN were synthesized to fabricate a
pouch cell via the same condition as that used for the gram-level
reaction kettle (Supplementary Figs. 31 and 32). Moreover, HC||SF-
NaMN pouch cell can operate for 340 reversible cycles with >80%
capacity retention within 2.0-4.2V at a practical level (Fig. 3l), sug-
gesting great practical potential of SF-NaMN. These results reveal that
SF-NaMN exhibit enhanced Na* kinetic transport capability at high
voltage in the SIB full cell.

Investigation of the decoupling mechanism between slab glid-
ing and lattice contraction

To understand the structural evolution of SF-NaMN and NaMN during
the charge and discharge process, in situ XRD measurements are
conducted. In situ XRD patterns illustrate that, the characteristic (002")
peaks at 20° and 17-19°, corresponding to 02 and OP4 phases, do not
show during the charge and discharge process of SF-NaMN, indicating
irreversible P to O phase transitions was not observed in SF-NaMN
(Fig. 4a). Notably, a slight decrease in the intensity of the (104) peak at
39.75 degrees at the end of charging, demonstrating relative interlayer
gliding between the TMO, slabs happened, leading to atomic dis-
placements and broadening of the (104) peak. However, the (002)
peak did not shift, and no new peaks formed, indicating that no
obvious interlayer contraction of SF-NaMN occurred during this pro-
cess. The c-axis variation for SF-NaMN is calculated as 0.9% at 4.0V,
and 1.45% within 2.4-4.5V (Supplementary Figs. 33-35). As a compar-
ison, new peaks (the (002’) peak at 18.3° and (101') peak at 37.9°)”
related to the OP4 structure were observed in the XRD patterns of
NaMN at 4.25V, which were enhanced with the increasing voltage,
meanwhile, the P-phase peaks were gradually weakened, indicating a
phase transition from P2 to Z occurred at high voltage region. Con-
sequently, the NaMN shows an obvious c-axis expansion (2.7% at 4.0V,
12.8% within 2.4-4.5V, Fig. 4b, more detailed expression in Supple-
mentary Note 5). Such terrible phase transition can trigger severe
irreversible structural structure degradation, eventually unsatisfied
electrochemical performance. HADDF-STEM examination visually
evidenced the P/O stacking mode at the atomic scale of SF-NaMN and
NaMN when charged to 4.5 V. For SF-NaMN, although some TMO; slabs
undergone relative gliding, while the TMO, slab still maintains inter-
layer distance of 5.3-5.7 A, consistent with P2-type structure (Fig. 4c).
In contrast, two types of interlayer distances can be statistically
depicted in NaMN, with ~5.7 A (P2-type) and -4.6 A (02-type) in the
highlighted image of Fig. 4d. The formation of O-type structure of
NaMN can be ascribed to the rapid c-parameter contraction and sub-
sequent P-O phase transition during deep desodiation. Thus, NaMN
undergoes a severe irreversible P2-Z phase transition at 4.5V, while

SF-NaMN remains a P2-type structure without any phase transition,
which is consistent with the in situ XRD results. Moreover, geometric
phase analysis (GPA) SF-NaMN exhibits significantly attenuated inter-
layer force changes, as evidenced by its uniformly distributed weak
structural strain (Supplementary Fig. 36). In stark contrast, pristine
NaMN shows severe strain localization with disordered strain vectors,
which correlates with uncoordinated gliding and contraction of TMO,
slabs. Therefore, although 15.8% TMO; slabs have been pre-glided from
P to O position, no significant c-contraction was observed in SF-NaMN.
In this sense, the traditional correlation between TMO, slab gliding and
¢ contraction has been decoupled.

Density functional theory (DFT) calculations (Supplementary
Data 2-6) were conducted to understand the relationship between
SF and P-to O-phase transition. Two model systems, Na;;Mn,4NigO¢o
(Nag ;Mng gNig ,0,) with homogeneous Ni/Mn distribution structure
(representing NaMN), and Na,;Mn,4NigOgo with inhomogeneous Ni/
Mn distribution (representing SF-NaMN) were established based on
the structural investigation results in Figs. 1 and 2. Specifically, a Mn-
rich TMO, slab was constructed to represent the Mn-rich and Ni-
deficient character of TMO, slabs, according to the EDS mapping
result of SF-NaMN. The optimal structures of NaMN and SF-NaMN
before desodiation have been investigated. The structural model of
SF-NaMN with perfect P2-type input structure showed SF during the
structural optimization process. The stacking faults occurred near
the Mn-rich TMO; slab, and the density is 16.7%. However, no SF are
observed during the structural optimization process of NaMN with a
perfect P2-type input structure (Supplementary Fig. 37). These
indicate that SF exist for SF-NaMN. In contrast, NaMN is free from
stacking faults before desodiation. Furthermore, the stacking faults
located between two adjacent Mng gNip 0, slabs within SF-NaMN
have been examined. Interestingly, the stacking fault between two
adjacent Mng gNig 0, slabs is unstable, and eventually evolved to
reside between MnO, and Mng gNig ,O, slabs after the optimization
process, indicating that SF in SF-NaMN might be induced by the
variation in TM content between adjacent TMO, slabs, which in
accordance with HADDF-STEM and EDS results.

Then, the role of SF in SF-NaMN on the structural evolution
during desodiation processes was studied. NagMn,4NigOeo
(Nag3Mng gNig,0,) was established for studying the desodiation
states of SF-NaMN and NaMN, with sodium content roughly
equivalent to when the material is charged to 4.25V (Fig. 4e; Sup-
plementary Fig. 38 and Supplementary Note 6). The most stable
desodiation configuration for NaMN is achieved through the uni-
form extraction of Na* ions from each sodium layer. However, the
desodiation configuration for five out of twelve Na* extracted from
the SF slab shows the minimum energy (-628.90 eV) in SF-NaMN
(Fig. 4e), suggesting that Na* is prone to be extracted from the SF
slabs in SF-NaMN. This phenomenon can be attributed to the varying
compositional characteristics of the TMO, slabs in relation to their
proximity to the SF slab. The SF slab, which is in close proximity to
the TMO, slab with Mn** redox couples at low voltage, would show
a preference for Na* extraction. The variation in the c-parameter for
a deeper desodiation state NagMn,4NigOgo (Nag,Mng gNig,0,) has
been investigated. The variation of the c-parameter from
NaZan24Ni6060 to Na6Mn24Ni6060 for SF-NaMN is 0.097%, which is
significantly lower than that of NaMN (1.39%), indicating that SF
could effectively inhibit the expansion of c-parameter during deso-
diation (Fig. 4f). These results agree well with the in situ XRD results
in Fig. 4a. We also constructed the models with SF of 8.33% and 12.5%
and demonstrated that as stacking fault density decreases, the of c-
axis variation of the structure during desodiation gradually increa-
ses (Supplementary Figs. 39; 40 and Supplementary Note 7).

The TMO; slab gliding behavior of TMO, slabs in NagMn,4NigOgo
(Nag>Mng gNig,0,) for SF-NaMN and NaMN along [1/3, 2/3, z] direction
were further simulated. It should be noted that the slab gliding energy
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is calculated as the energy of the structure after gliding minus the
energy of the structure before gliding, and this energy value is closely
related to the propensity of the material to undergo the P-O transition:
a lower energy value indicates that the slab structure is more likely to
glide, and thus the material is more prone to transform from P-type to
O-type. From the simulation results, the gliding energies for slab-1 and
slab-2 are 0.249 and 0.375eV of SF-NaMN, respectively, which are
much greater than the energy required of slab-3 (-0.449 eV) of NaMN
(Fig. 4g), indicating that NaMN is more prone to undergo a transition
from P-type to O-type under deep desodiation.

Moreover, we successfully achieved a cathode with 12.1% SF by
increasing the precipitation pH of the precursors to 9.62. The syn-
thesized sample exhibited a noticeable slope change in their electro-
chemical profiles at the high voltage plateau of 4.2V, and the capacity
retention was obviously improved compared with NaMN (Supple-
mentary Fig. 41 and Supplementary Note 8). Therefore, pre-
constructing SF in P2-type lattice structure is an effective strategy to
enhance the cycle life of the cathode material.

The Na* desodiation behavior and evolution of the P-O phase
transition for SF-NaMN and NaMN is schematically illustrated in the
Fig. 4h. Previous work has reported that the escalating 0*-0* elec-
trostatic repulsion would lead to the expansion of the Na layer spacing
with Na* gradually extracted, and oversized Na slabs fail to sustain the
P-type structure, thus lead to the re-coordination of Na® to form
thermodynamically stable O-type stacking, accompanied by the sud-
den c-parameter contraction**®. In our work, the interlayer spacing for
the pre-constructed O-type SF in SF-NaMN is -5.56 A as evidenced by
the experimental results (Fig. 2a), which is similar with that of the P2
phase (-5.65 A). Therefore, the 0-O bond in the adjacent transition
metal layer is elongated at the SF layer leading to a significant decrease
in the electrostatic repulsion between 0?>-0%", As a result, the inter-
layer distance increasing caused by the 0*-0* repulsion during Na*
extraction becomes not obvious in SF-NaMN, leading to negligible
tensile strain between the adjacent TMO, slabs and thus avoiding the
sudden c-drop of the materials. In contrast, the control sample (NaMN)
experiences strong O*-0% repulsion between adjacent TMO, slabs
during Na® desodiation, resulting in the stretched prismatic Na*
coordination, which eventually induces the sudden cell contraction
and subsequent phase transition upon a large amount of Na* extrac-
tion. Therefore, we have significantly decoupled slab gliding within the
material from lattice contraction by pre-engineering O-SF with large
interlayer distance in the P2-type structure, demonstrating a much
smaller c-axis contraction of the SF-NaMN with slabs gliding relative to
NaMN (0.456% vs. 12.8%, respectively), with the contraction of SF-
NaMN occurring prior to electrochemical desodiation. The phase
transition at high SOC can be avoided under the presence of plenty of
O-type coordination, as long as the sudden c-drop doesn’t occur.

Investigation of structural evolution during cycling

According to previous reports, the irreversible P-O phase transitions
of P2-type layered oxide cathode during the high voltage region can
induce grain cracking, TM ions dissolution, and severe side reactions
between the cathode material and high oxidizing molecules in the
electrolyte solvent****, The structural evolution of SF-NaMN and
NaMN after cycling was monitored using HADDF-STEM (Fig. 5a-f and
Supplementary Fig. 42). The SF-NaMN and NaMN electrode are tested
with specific current of 0.2 Cin 2.4-4.5V vs. Na‘'/Na. It can be observed
that the layered structure of SF-NaMN retained well with only a small
amount of strain relaxation disclosed by the GPA after 30 charge/
discharge cycles, showing an interlayer spacing of 5.67 A (Fig. 5a—c).
On the contrary, the cycled NaMN demonstrated obvious microcracks
and surface degradation, as well as a severe Na“/TM intermixing rock-
salt phase (Fd3m) with a perplexing strain distribution growing along
the (00 /) facets (Fig. 5d-f, more detailed information in Supplemen-
tary Note 9). The CEl structure of SF-NaMN and NaMN after 30 cycles

were detected by the time-of-flight secondary ion mass spectrometry
(ToF-SIMS). The TOF-SIMS depth profiles reveal the inorganic species
(NaF") and organic species (CHO,") showed obvious segregation and
with fewer organic species than inorganic species constituting the
surface of the CEI of SF-NaMN (with sputtering time <60 s, Fig. 5g and
Supplementary Fig. 43), while no apparent segregation was observed
between inorganic species (NaF") and organic species (CHO,") on the
surface of NaMN (Fig. 5i). Noting that, the thickness of the CElin the SF-
NaMN is only two of third of that in NaMN according to the half-
normalized maximum of the normalized intensity of the CEI species.
Moreover, NiF;~ and MnF;™ fragments mainly comes from the cathode
oxide dissolution driven by acidic attack (HF, etc). NaMN exhibit
obviously stronger NiF;~ and MnF;™ intensity than that of SF-NaMN,
confirming severe transition metal dissolution and cross-
contamination of NaMN after cycling (Fig. 5h, j)*. Energy dispersive
x-ray spectroscopy (EDX) of the elemental information on the Na
anode reveals that the residual TM element signals in SF-NaMN (Mn:
1.37%, Ni: 1.16%) are significantly weaker than those in NaMN (Mn:
0.23%, Ni: 0.4%), also indicates that the TM dissolution in SF-NaMN has
been significantly suppressed (Supplementary Fig. 44). The TEM
results further confirm the robust CEI of about 2-3 nm formed on the
surface of SF-NaMN cathode after 30 cycles. However, the CEl interface
of NaMN is severely degraded and uneven after cycling, leading to
significant surface degradation and crack formation (Supplementary
Fig. 45). The electrochemical impedance spectroscopy (EIS) mea-
surements (Supplementary Fig. 46 and Supplementary Note 10) sug-
gest that SF-NaMN exhibit improved ion conductivity than NaMN after
50, 100, and 200 cycles, indicating that the CEI film of SF-NaMN is
relatively stable and exhibits fewer side reactions with the electrolyte
than that of NaMN.

To intuitively monitor the influence of high-voltage electrochemical
behavior of SF-NaMN and NaMN on gas evolution in batteries, in situ
differential electrochemical mass spectrometry were employed during
the first charging process (Supplementary Fig. 47). Carbon dioxide (CO,)
evolution was observed at 4.331V vs. Na*/Na during the first charge of
SF-NaMN, which is significantly later than that of NaMN (occurring at
4.171V vs. Na‘/Na). Noting that no obvious O, release for SF-NaMN and
NaMN, but a less considerable amount (CO,) release (308 pmol g?) of
SF-NaMN compared to that of NaMN (937 umol g™). According to the
previous report, CO, are generated from the reaction between the car-
bonate electrolyte with the highly active oxygen species on the surface
or O, evolved from the lattice oxygen of the cathode oxide***. Hence,
the amount of CO, is highly correlated with the release of O,. These
results suggest that the degradation of P2-type layered oxide cathode
and subsequent severe side reactions during high voltage region could
attituded to the irreversible P-O phase transitions, resulting in unstable
SEI (CEI) composition and gas evolution (Fig. 5k). SF-NaMN with pre-
constructed O-type SF can effectively suppress these side reactions,
addressing practical applications of positive electrode materials at the
high voltage region.

In summary, we study a long-standing puzzle about the high vol-
tage phase transition ever since the application of P-type transition
layered oxides as cathode materials for SIBs: the abrupt lattice con-
traction underlies the fundamental origin for the irreversible phase
transitions, while the TMO, slabs gliding may not be necessarily corre-
lated. A certain amount of O-type SF was pre-established in P2-type
layered oxides with interlayer distances (O-Na-O) unchanged by mod-
ulating the cationic potentials of the compounds, which can prevent
sudden c-drop under high SOC. Besides, such a structure can sig-
nificantly suppress the surface degradation and form a stable CEl film,
thus stabilizing the Na® (de)intercalation reaction during the cycling
process. The as-prepared SF-NaMN demonstrates single P2 phase with
small c-axis change (1.45%) at a high voltage up to 4.5V, and high tem-
perature of 50 °C. The as assembled HC||SF-NaMN full cell delivered a
high specific energy of 297 W hkg™ without presodiation, and stably
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cycled over 600 cycles. A pouch-type cell and an all-solid-state full cell
were also constructed based on SF-NaMN, delivers optimized cycling
stability (340 cycles within 2-4.2V) and a high specific energy of
437.6 Whkg™, respectively. This work sheds lights on achieving high
specific energy and high-voltage P2-type Na,TMO, cathodes.

Methods

Materials preparation

We synthesized precursors of Nag ;Mng gNig .0, layered oxides with pre-
constructed SF via a modulated co-precipitation method, leveraging the
complex reactions between NH,* and TM ions. In detail, 0.05 mol of
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nickel acetate (Aladdin, >99.0 %) and 0.1mol of manganese acetate
(Aladdin, >99.0%) were dissolved in deionized water in the required
stoichiometric proportion and magnetically stirred at 25°C for 1h to
yield a clear, homogeneous solution designated as A. 0.01 mol NH;HCO;
(Aladdin, >99.0%) was employed as precipitants, while 10 ml NH,OH
(AR) was used to regulate the pH during precipitation, resulting in mixed
(MnNi),CO5 precursors for subsequent high-temperature calcination.
During the precipitation, the NH," ions can readily complex with Ni** and
form [Ni(NHs)sJ**, which competes with the precipitation of NiCOs. By
precisely controlling the pH to 8.9, a dynamic equilibrium between
precipitation and complexation was achieved, disrupting the ordered
arrangement of Mn and Ni in (MnNi),CO3 during repeated cycles of
precipitation, dissolution, and reprecipitation of Ni ions. SF-NaMN is
obtained after high-temperature calcination process. For comparison, a
control sample with the same stoichiometric composition was synthe-
sized using a conventional fast co-precipitation method with Na,CO; as
the precipitant. In the precipitation process, the reaction temperature
was maintained at 12 °C. The precursor material was thoroughly washed
several times by filtering with deionized water to remove residual
sodium species, then dried in a vacuum oven at 120 °C overnight. Next,
mixed the carbonate precursor of 0.01 mol with 0.004 mol Na,CO; into
planetary ball mills and milling with high energy in air with 1000 rpm at
25°C for 6 h. Then, the powers were calcined at 500 °C for 10 h and then
sintered at 900 °C for 12 h in Muffle furnace with heating rate of 5 °C/min
and cooled down to room temperature. Li, Ti, Mg, Al, Cu, Fe, Zn-(SF-
)/NaMN were prepared by mixing the precursor of SF-NaMN and NaMN
with corresponding metal salts (Li,CO3, TiO,, MgO, Al,O5, CuO, Fe,0;,
ZnO, Aladdin, >99.0%), subsequently calcined under the same thermal
conditions. NASICON (NasZr,Si,PO;,) solid-state electrolytes were pur-
chased from HeFei Kejing company. Hard carbon (average particle size:
1.1nm) are in-house prepared via bottom-up ZnO-assisted bulk etching
strategy*’. Polyvinylidene fluoride (PVDF, 99.5%), N-methyl pyrrolidone
(NMP, 99.5%), acetylene black (99.5%, average particle size: 300 nm),
Al foil (20 pm, 99.5%) and Cu foil (18 pm, 99.5%) were all purchased
from Alfa Aesar. Sodium discs (diameter: 16 mm, 0.5 mm thick) were
punched from freshly rolled 99% Na metal (Alfa Aesar). The electrolyte,
1mol NaPFg in EC:PC with 5 % FEC (H,O<20ppm), is supplied by
KELUDE company.

Material characterizations

Inductively coupled plasma atomic emission spectroscopy (ICP-AES,
PERKINE 7300DV) was used to analyze the elemental composition of the
samples. X-ray powder diffraction (PXRD) patterns were collected on a
Bruker D8 ADVANCE X-ray diffractometer with Cu Ko radiation
(1=1.5418 A). In situ XRD studies, Al foil were prepared as X-ray windows
with a Swagelok cell during charge and discharge process with scan rate
of 5°/min, step size is 0.02°. The in situ synchrotron XRD characteriza-
tions were also performed using the 14B1 beamline (A=0.6887 A) at
Shanghai Synchrotron Radiation Facility Inc, China. Rietveld refinements
were used to analysis the PXRD data with TOPAS software, which were
collected at room temperature using a Bruker D8 ADVANCE dif-
fractometer with Cu K radiation (40 kV, 40 mA) at Shanghai Institute of
Ceramics. The morphology of all samples are investigated by a scanning
electron microscope (SEM, 30kV for EDX capture). Atomic-scale
microstructure was examined with a JEOL JEM-Grand ARM300F, Cs-
corrected STEM running at 300 kV in HAADF mode. Synchrotron XANES
spectra at the Mn and Ni K-edges were collected in transmission at the
Shanghai Synchrotron Radiation Facility on the IDEAS (Ge 220, IDEAS,
double-crystal monochromator) and SXRMB (Si 111 double-crystal
monochromator) beamlines, respectively. TOF-SIMS is conducted in
negative ion mode with a region size of 80 micrometers x 80 micro-
meters, a depth of 200 nm, and signal intensities of all species in TOF-
SIMS have been normalized. To prevent air exposure, the sample was
moved directly from the glovebox into the ToF-SIMS vacuum chamber
via a sealed transfer module. Depth profiling was then carried out by

sputtering with a 2kV, 100 nA Ar* beam. XPS measurements were per-
formed using an RBD-upgraded PHI-5000C ESCA system with Al Ka
radiation and a testing duration of 1 h. XPS were calibrated by setting the
binding energy for the hydrocarbon (C-C/C-H) in C 1s spectra to
284.8 eV. Ex situ XPS and XAS analysis was preceded by a two-step EMC
rinse of the dismantled electrodes, followed by drying inside the argon
glovebox. While still under the same inert atmosphere, the specimens
were loaded into a hermetic analysis chamber that was immediately
sealed and transported to the spectrometer.

Electrochemical measurement
The electrode slurry was prepared by dissolving the active material,
acetylene black, and polyvinylidene fluoride (PVDF) at a mass ratio of
8:1:1in N-methyl pyrrolidone (NMP). It was then coated on one side of an
aluminum foil with a loading density of 10-12 mg/cm?, followed by
vacuum drying at 80 °C for 12 h. Metallic sodium was prepared by roll
pressing followed by cutting into pieces (®12 mm). The 2032 coin cells
were prepared in an argon-filled glove box. Using sodium tablets as
counter electrode and the Glass fiber (GF/D, Whatman, ®19 mm) was
used as the separator in coin cell and PP@ceramic separator (JCK16
ceramic coated (double-face) PP-based separator (MTI); size: 16 pum x
80 mm (thickness x width)) in pouch-type full cell. For coin-type full-cell
equipment, the hard carbon anode was blending with PVDF 10% and
acetylene black 10%, then coating on copper foil with average loading
density of 4-5 mg/cm? and dried under vacuum at 80 °C for 12 h. The N/P
ratio of coin-type full cell is 1.02-1.1, and for pouch cell is 1.15-1.2. The
electrolyte amount are ~120 pl. Before pouch cell test, the pouch cell
first be charged at a 0.1 C rate to 4.4 V. Subsequently, the pouch cell be
unsealed for gas release, resealed properly, and then subjected to cycle
testing, with a constant pressure of 69 kPa maintained throughout the
entire cycling process. The CE is calculated as the ratio of discharge
capacity divided by the charge capacity in the preceding charge cycle.
EIS measurements were performed at 25 °C under open circuit potential,
using a potentiostatic signal with an amplitude of 5mV. The tests cov-
ered a frequency range of 0.1-10° Hz, with 12 data points collected per
decade. The assembled cells were aged for 12 h to ensure that the system
was fully wetted. Cyclic voltammetry (CV) results were collected at
0.2 mV s within 2.4-4.5V from electrochemical workstation (Autolab).
Galvanostatic cycling was carried out on a Land BT2000 tester
(Wuhan, China). The Na* diffusion coefficient (Dy,") was extracted
from GITT data with the equation

4 (myVy\?(AEG\? O
“w () (52)

where D denotes the diffusion coefficient of Na* in the cathode,
Vu (cm®mol™) is the molar volume, my and Mg are the electrode
mass and molar mass of cathode material. S (1.13cm?) is the
geometric area of the electrode. 7 is the duration of the current
pulse in the GITT step. AEj is the steady state voltage change, and
AE. is the total voltage change during the pulse. The charging
process (galvanostatic pulse) lasted for 15min, with a data
acquisition interval of 10s, corresponding to an acquisition fre-
quency of 0.1Hz (0.1 data points per second).

For the hybrid solid-state batteries, a Na disc was attached to
one side of the NZSP pellet and heated to 200 °C in a Swagelok
cell. A pressure of about 5000 Pa was applied to ensure intimate
contact between molten Na and NZSP. To ensure the intimate
contact between the cathode and solid electrolyte, 10 pL of
1mol L' NaPFg dissolved in EC: PC with 5% FEC was added, and
the cathode loading was around 3 mg/cm? The thickness of a
NZSP pellet is 1 mm. The testing temperature is ~25+2 °C. Sup-
plementary Data 1 consists of an additional set of electrochemical
result, which is provided to demonstrate the reproducibility of
the electrochemical result of half-cell and full-cells.

DNa*
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Neutron powder diffraction measurement

The neutron powder diffraction experiment was carried out at the
multi-physics instrument, a high-intensity time-of-flight dif-
fractometer, at the China Neutron Spallation Source (CSNS)®.
Approximately 1g of the sample was loaded into a cylindrical sample
holder, which was hermetically sealed with indium wires under an
argon atmosphere. The sealed holder was then transferred to the
scattering chamber for room-temperature testing, covering a neutron
wavelength range of 0.1-4.5A. Diffraction patterns were collected
using six detector banks (Bank 2-7) with 26 range from 12.5 to 170.0°.

Computational methods
DFT calculations were performed with the Vienna ab-initio simulation
package. The generalized gradient approximation (GGA) with the
Perdew-Burke-Ernzerhof exchange-correlation functional was adop-
ted as the base method. Given that GGA fails to accurately reproduce
the localized electronic states of TMO, materials, the GGA+U cor-
rection was introduced, with U values set to 5.05, 6.9 eV for Mn and Ni,
respectively. Core electrons were described by the plane-wave pro-
jector augmented wave (PAW) pseudo-potentials. For the DFT calcu-
lations, a plane-wave basis set cutoff energy of 520 eV was adopted. A
force convergence criterion of less than 0.01eV A per unit cell was
applied, while an electronic iteration convergence threshold of
1x10°eV was set for the self-consistent field calculations. A
2x2x3 supercell of Mn-Ni-ordered and disordered structure was
conducted. All models have undergone structural optimization.

The energy barrier of phase transition caused by gliding is
obtained by the equation:

AE=E(02) — E(P2) @)

where E stands for the Ilowest formation energy of
Na,Mng gNig »0; of different phase states at each composition. All
relevant calculations were based on models with the same num-
bers and types of atoms.

Calculation of stacking faults probability
According to the Scherrer equation:

KA
LcosB’

ﬁ size = (3)

and the characteristics of broadening in hexagonal close-packed
diffraction lines*?, when h-k=3n+1 and [=even, the diffraction line
broadening is significant, whereas for /=odd, broadening is minimal.
When only SF exist, the integral breadth  for an (hkl) reflection relates
to stacking fault broadening §; as follows:

Bec

cos @,

B= @)

when (is odd number, g = L3¢

h—k=3nil{ 5)

when [is even number, ;= —3fcfcw’

whereg, is the angle between the diffracting plane and the (001) plane,
fis the stacking fault probability, and c is the lattice parameter along
the c-axis.

when (is odd number, A= £

h—k=3nil{ (€]

whenlis even number, A= %C

Solving for D (crystallite size) and f (SF probability) using Egs.
(6)-(8) is complex. Thus, a least squares method is proposed: sub-
stitute (3) and (7)-(8) into (6), multiply by %8

and simplify to:

cosf@ 0.89 1 cosf

Ty - 9
B 3 5t 31 cos @, Af 9

i . y— fcosf ,_ 0.89 — 1 cosf _
Define variables: Y= g%, a= 0% X =1 %BCcos@,, F=4f.

Equation(7)becomes : Y =a+FX 10)

n X
The regular matrix equation for least squares is : > )
XX XX

<;>=(ZZXYY>

(1)
2 2
Solutions are : D=0.89 x nZZX 2% 10), F
SXETY - X XY 1
_nYXY Y XY
ny X*— (LX)

Williamson-Hall analysis

Variations in crystallite size and microstrain lead to the

broadening of the diffraction peaks of the sample’s XRD
pattern®*7°, which changing differently as a function of the Bragg
angle (6). These variations can be calculated using the following
equation:

sin@

ﬁstrain =4¢ cos @ (13)
KA

L= 14

Pize Lcos@ )

where Bgrin and Bsize are lattice strain and size of crystallite, respec-
tively. K is the shape factor (K=0.9), and A is the wavelength of the
XRD. L is the crystallite size, and ¢ is the lattice microstrain.

The following equation are used to correct the instrumental
broadening by the standard sample of single-crystal silicon:

ﬂtotal = \/(:Bsample)2 + (ﬁinstrument)2 (15)

Brotal is the measured full-width at half-maximum of each peak,
Binstrumen: is the instrumental broadening, and Bsample is the full-width
at half-maximum of the sample. Bsampie is the sum of Birain and Biize,
followed by the equation:

sin@ KA

When both crystallite size and stacking fault effects coexist, the Beample = Bstrain * Beize = 4€ (16)
Lorentzian approximation gives the total breadth as: cos® Lcos6
B= Bsize + By (6) Multiplying throughout by cos 0 gives
. . . 0=k 1 4esineg 17)
For isotropic near — spherical nanocrystals : 8= 8, +Acos@, (7) Bpi cos 6= T TaEsmn
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B is the line broadening (represented as FWHM) of the peak
reflecting (hkl) plane.

Calculation of cationic potential

The cationic potential is introduced by Hu et al. to distinguish and
design new materials’, the weighted average ionic potential of TMs can
be defined as @py;,

win;

a)?l—M = R.
l

18)

where w; is the content of TM having oxidation state n; and radius R;
the weighted average ionic potential anionic ion can be defined as:

- win;

Dnion = R 19)
1

The weighted average ionic potential of Na is ®@y,, where x
represents the Na content.

_ X
O\, = Ra (20)

Based on the weight average ionic potentials of TM, Na and
anionic ions, the cationic potential can be defined as:

@n

Data availability

All relevant data supporting our study are provided in the manuscript
and Supplementary Information file. Source data are provided with
this paper.
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